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        ABSTRACT OF DISSERTATION 
 
 
VISCOELASTIC RELAXATION CHARACTERISTICS OF RUBBERY POLYMER 
NETWORKS AND ENGINEERING POLYESTERS 
 
The relaxation characteristics of rubbery poly(ethylene oxide) [PEO] networks have been 
investigated as a function of network composition and architecture via dynamic 
mechanical analysis and broadband dielectric spectroscopy. A series of model networks 
were prepared via UV photopolymerization using poly(ethylene glycol) diacrylate 
[PEGDA] as crosslinker: variations in crosslink density were achieved either by the 
introduction of water in the prepolymerization reaction mixture, or by the inclusion of 
mono-functional acrylate such as poly(ethylene glycol) methyl ether acrylate [PEGMEA] 
or poly(ethylene glycol) acrylate [PEGA]. Copolymerization with mono-functional 
acrylate led to the insertion of flexible branches along the network backbone, and the 
corresponding glass-rubber relaxation properties of the copolymers (i.e., Tg, relaxation 
breadth, fragility) were a sensitive function of network architecture and corresponding 
fractional free volume. Relatively subtle variations in network structure led to significant 
differences in relaxation characteristics, and a systematic series of studies was undertaken 
to examine the influence of branch length, branch end-group, and crosslinker flexibility 
on viscoelastic response. Dielectric spectroscopy was especially useful for the elucidation 
of localized, sub-glass relaxations in the polymer networks: the imposition of local 
constraint in the vicinity of the crosslink junctions led to the detection of a distinctive 
“fast” relaxation process in the networks that was similar to a comparable sub-glass 
relaxation observed in crystalline PEO and in the confined regions of PEO 
nanocomposites. Gas permeation studies on the model PEGDA networks confirmed their 
utility as highly-permeable, reverse-selective membrane materials, and strategic control 
of the network architecture could be used to optimize gas separation performance.     
 
Dynamic mechanical and dielectric measurements have also been performed on a 
semicrystalline polyester, poly(trimethylene terephthalate) [PTT], in order to assess the 
influence of processing history on the resultant morphology and corresponding 
viscoelastic relaxation characteristics.  Studies on both quenched and annealed PTT 
revealed the presence of a substantial fraction of rigid amorphous phase (RAP) material 
in the crystalline samples: dielectric measurements showed a strong increase in relaxation 
intensity above the glass transition indicating a progressive mobilization of the rigid 
amorphous phase with increasing temperature prior to crystalline melting.  
 
  
KEYWORDS: dynamic mechanical analysis, broadband dielectric spectroscopy, UV 
photopolymerization, poly(ethylene oxide), poly(trimethylene terephthalate). 
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 Chapter One 
 
Introduction and Objectives 
 
 
Polymeric materials have become ubiquitous in modern society owing to their wide 
spectrum of applicability. These materials find use in applications ranging from 
electrical, automotive and structural parts to textile fibers, barrier packaging and 
membranes. The potential application of a polymeric material with desired characteristics 
requires insight into its inherent structure-property-performance relationships. It is of 
immense value to establish the correlations between molecular and morphological 
character and performance in-situ, the goal being to enhance performance characteristics 
by intelligent variation in chemical composition, backbone structure and processing 
history. The optimization of a polymer for a specific engineering application calls for a 
fundamental understanding of molecular architecture, chain dynamics, and phase 
behavior as a function of composition, synthesis, and processing, with simultaneous 
evaluation of macroscopic performance properties. The projects described herein 
undertake this approach for the investigation of two classes of polymeric materials: 
crosslinked poly(ethylene glycol) (PEG)-based rubbery networks for use as gas 
separation membranes, and a commercial semicrystalline polyester, poly(trimethylene 
terephthalate) (PTT), currently processed for high performance fiber applications.            
 
Rubbery crosslinked membrane networks have shown promise for the separation of gas 
mixtures, particularly for the preferential separation of quadrupolar gases such as CO2 
over light gases like H2. This low-energy separation technique is of tremendous industrial 
importance, as it provides a method for the potential sequestration of CO2 as well as for 
the purification of H2 for use as fuel or chemical feedstock. A series of model crosslinked 
membranes based on PEG have been formulated with the intention to achieve high 
solubility selectivity and minimal size-sieiving for the transport of polar gases over 
smaller, non-polar molecules. A thorough experimental study has been undertaken to 
fully characterize the relaxation characteristics of these networks with systematic 
variation in structure and crosslink density. In addition, the gas transport properties of the 
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 membranes have been measured in collaboration with the research group of Prof. Benny 
Freeman at the University of Texas at Austin. The correlation of chain dynamics, 
morphology and mechanical integrity with gas separation performance for these rubbery 
networks facilitates the establishment of molecular-based design rules for the preparation 
of membranes with optimized properties. 
 
The specific objectives of this project are as follows: 
 
Investigation of the glass-rubber (α) relaxation for model PEG networks via dynamic 
thermal analysis techniques; i.e., Dynamic Mechanical Analysis (DMA) and 
Broadband Dielectric Spectroscopy (BDS). 
 
Detailed characterization of the sub-glass (β) relaxations in these networks using the 
more sensitive BDS technique; elucidation of the sub-glass transition behavior and its 
correlation with molecular confinement. 
 
Investigation of copolymer series with systematic variations in network architecture 
and crosslink density. This includes variation in the crosslinker structure, variation in 
the network composition, and variation in the branch length and/or end group of the 
co-monomer. 
 
Correlation of gas permeation measurements and free volume properties with 
dynamic relaxation characteristics for the determination of those network structural 
elements most appropriate for optimal gas separation performance. 
 
Poly(trimethylene terepthalate) (PTT), a relatively new member of the terephthalate 
polyester family, is gaining significant commercial importance in the areas of textile 
fibers and structural materials. PTT proves to be a suitable alternative to its predecessors 
(e.g., PET, PBT) both in terms of its processability and excellent dimensional stability. 
Also, PTT possess a unique kinked molecular conformation which appears to be 
responsible for its exceptional elastic properties. The semicrystalline morphology of PTT 
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 contains a fraction of chains that remain immobile through the glass transition, known as 
the rigid amorphous phase (RAP) fraction. The character of the rigid amorphous phase, 
which is a function of processing history, can be critical in determining macroscopic 
properties such as fracture toughness and barrier performance. Dynamic mechanical and 
dielectric measurements have been performed in order to explore the sensitivity of the 
relaxation characteristics in PTT to the resultant crystalline architecture, with 
corresponding evaluation of its structure using calorimetric and X-ray methods. The key 
consideration here is to understand the semicrystalline morphology that emerges in PTT 
and its correlation with performance properties.          
 
The specific objectives associated with the characterization of PTT are: 
 
Elucidation of glass-rubber (α) and sub-glass (β) relaxation characteristics in 
quenched and annealed PTT as a function of prior thermal history using dynamic 
mechanical and dielectric techniques. 
 
Correlation of dynamic properties with crystalline morphology, as characterized by 
calorimetric and X-ray methods. 
 
Estimation of RAP fraction as a function of processing history. 
 
Chapter 2 of the dissertation provides an overview of structure and properties for both the 
rubbery crosslinked networks and PTT. The experimental methods and 
phenomenological equations employed to analyze these material systems are discussed in 
detail in Chapter 3. Chapters 4 and 5 summarize the relaxation characteristics of the 
crosslinked membrane networks: Chapter 4 focuses on results obtained from dynamic 
mechanical analysis, while Chapter 5 is dedicated to broadband dielectric studies. 
Chapter 6 details the static and dynamic properties of PTT as influenced by thermal 
processing history. Finally, Chapter 7 presents a review of the most significant results 
from this work.  
Copyright © Sumod Kalakkunnath 2007 
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 Chapter Two 
 
Structure and Properties of Crosslinked Rubbery Networks and Semicrystalline 
Polymers 
 
 
Understanding structure-property relationships is key to developing materials with 
enhanced or optimum performance. It is therefore pertinent to have fundamental insight 
into the chain dynamics and morphology of the materials under consideration, and how 
variations in structure correlate with potential applicability. This chapter examines the 
fundamentals of transport phenomena in rubbery networks, compositional factors that 
affect separation performance, the influence of crosslinking on chain dynamics and 
relaxation phenomena, and how the morphology and transport behavior of polymer 
membranes vary with the inclusion of inorganic fillers. It also explores the morphology 
that exists in low crystallinity thermoplastics as a function of polymer backbone structure 
and sample preparation history. 
 
2.1 TRANSPORT THROUGH RUBBERY NETWORKS 
 
The employment of rubbery networks as membrane materials is gaining interest for use 
in industrial gas separations. In particular, these membranes are attractive for the 
selective removal and sequestration of CO2 from mixtures of light gases (e.g., H2, N2, air, 
CH4). This application is of immense industrial importance for a number of processes, 
such as the separation of CO2 from H2 upon steam reforming of hydrocarbons, or the 
removal of CO2 from CH4 for natural gas purification.1 Performance requirements for 
such a membrane include high CO2 permeability coupled with high CO2/light gas 
selectivity, so that CO2 (typically the minority component) permeates to the low pressure 
side of the membrane while the light gas component (i.e., H2, CH4) is retained at elevated 
pressure on the feed side for subsequent transport and use. These criteria can be realized 
via the application of rubbery networks that rely on preferential solubility rather than size 
discrimination for selective separation. This section pertains to understanding the 
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 transport of gases through such networks and the need to design and characterize rubbery 
networks for use as “reverse selective” membranes.                 
 
Consider the steady state flux (NA, cm3(STP)/cm2s) of a gas A through a rubbery 
membrane of thickness l (cm). If p2 and p1 are the partial pressures of gas A at the feed 
(high pressure) and permeate (low pressure) sides, respectively, then its permeability (PA) 
through the membrane is given as:2    
                                                     
12 pp
lNP AA −
⋅=                                                    [2.1] 
If the downstream pressure, p1, is much lower than the upstream pressure, p2, and the 
Fick’s law of diffusion is obeyed, then the permeability can be expressed as:2                                             
 
                                                   AAA SDP ×=                                                      [2.2] 
where DA is the effective concentration-averaged diffusivity. SA is the apparent solubility 
coefficient given by the relation: 
                                                      
2
2
p
C
S A =                                                         [2.3]     
 where C2 is the concentration of gas A sorbed on the upstream side of the membrane. 
Diffusivity of a gas is often correlated to the free volume of the polymer by the 
relation:3,4 
                                            ⎟⎠
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FFV
BAD DA exp                                            [2.4] 
where AD is a pre-exponential factor, B is a constant that depends on the penetrant size  
and FFV is the fractional free volume present in the polymer. FFV is generally defined by 
the equation:5 
                                                   
V
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 where V is the specific volume of the polymer in its amorphous form at a given 
temperature and V0 is the specific occupied volume at 0 K. V0  is typically estimated as 
1.3 times the van der Waals volume, as calculated using group contribution methods.6    
 
Ideal selectivity of a membrane gives a measure of the degree of preferential separation 
for one component in a mixture. For a binary mixture of gases A and B, the ideal 
selectivity (αA/B) is defined as the ratio of their corresponding pure gas permeabilities:7   
                                                ⎥⎦
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Pα                                     [2.6] 
where DA/DB, the ratio of the diffusivities of the two gases, is termed the diffusivity 
selectivity and SA/SB, the ratio of their respective solubility coefficients, is known as the 
solubility selectivity. Diffusivity selectivity depends primarily on the difference in gas 
molecule size and thus reflects the size-sieving ability of the membrane. Solubility 
selectivity, on the other hand, is controlled by two factors: (i) the relative affinity of the 
penetrant gas molecules for the polymer, and (ii) the difference in the degree of 
condensability of the penetrants in the polymer.2,8 Condensability of a gas is often 
assumed to be directly related to its critical temperature. Solubility, unlike diffusivity, 
depends only weakly on the free volume of the polymer and its corresponding size 
sieving character. 
 
Following the above discussion, it is possible to differentiate the transport behavior in 
glassy and rubbery membranes. On account of their primarily rigid backbone structure, 
glassy polymers tend to have less free volume and lower chain mobility, thus rendering 
them more size selective in nature. These polymers therefore have high diffusivity 
selectivity, which distinguishes them from flexible rubbery polymers. Commercial 
applications to date have emphasized the use of glassy polymers and their optimization to 
obtain high diffusivity selectivities.2,9 By contrast, the application of rubbery membranes 
for industrial gas separations has remained relatively unexplored.10,11 Rubbery 
membranes, which have flexible chain backbones and inherently high free volume, tend 
to be weakly size sieving, with the separation driven primarily by solubility selectivity. 
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 This characteristic can be used as an advantage for preferentially separating larger, more 
soluble gas molecules (e.g., acid or polar gases like CO2 or H2S) from smaller, non-polar 
gases that exhibit low solubility.       
 
Rubbery membranes that preferentially permeate larger, more soluble gas molecules 
based on solubility selectivity are termed “reverse-selective” membranes owing to the 
opposite or “reverse” character of separation as compared to the size discrimination 
mechanism typically encountered with glassy polymers. The desired separation is 
achieved by simultaneously decreasing the diffusivity selectivity (size-based separation) 
and increasing the solubility selectivity (affinity-based separation) of the membrane. 
Flexible rubbery polymers that exhibit favorable interactions with one of the components 
in the feed mixture are ideal candidates for such a class of membranes. The polymer 
chain flexibility renders the membrane less size selective and decreases the diffusivity 
selectivity, while a positive matrix-molecule interaction increases the solubility 
selectivity. 
 
2.2 REVERSE-SELECTIVE MEMBRANE NETWORKS 
 
The discussion in this section will pertain to the development of networks intentionally 
designed for the reverse-selective removal of CO2 from light gas mixtures, specifically 
the preferential transport of (larger) CO2 over (smaller) H2. To achieve this, the 
membrane material should be minimally size sieving. Also, selective permeation of the 
minority component (i.e., CO2) reduces the required membrane area and eliminates the 
need to re-pressurize the H2 recovered on the high-pressure feed side; both are factors 
that render the membrane separation more economical. These goals requires the use of 
polymers that contain polar groups (e.g., ether oxygens, nitriles, etc.) which foster high 
CO2 solubility along with favorable CO2/H2 solubility selectivity on account of their 
interaction with the quadrupolar moment of CO2.12,13 Previous studies have reported polar 
ether oxygens present in ethylene oxide to be the best species that can maintain high 
CO2/H2 solubility selectivity.14-17 Hence, the logical approach is to prepare high free 
volume (i.e., rubbery) membranes based on polymers rich in polar ether oxygen units, for 
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 example, poly(ethylene oxide) [PEO].18 Unfortunately, the high degree of crystallinity in 
PEO precludes the possibility of achieving high permeation rates as practically no gas 
permeation occurs through the ordered crystalline regions.17 The introduction of chemical 
crosslinks, however, is an effective method to suppress crystallization in PEO and 
thereby dramatically enhance permeability. In fact, if the distance between crosslinks is 
sufficiently short, completely non-crystalline PEO polymers can be achieved. Graham 
has reported that fully amorphous crosslinked networks of PEO are obtained when the 
molecular weight of the ethylene oxide segments between crosslink junctions is 1500 
grams per mole or less (i.e., approximately 35 ethylene oxide [EO] units).19 Priola et al. 
indicate a somewhat lower value (~ 875 g/mole between crosslinks) to maintain the 
amorphous character of the PEO network.20   
 
In order to incorporate the high ethylene oxide content of PEO and maintain an 
amorphous rubbery matrix, highly crosslinked networks of ultraviolet (UV) 
photopolymerized polyethylene glycol diacrylate (PEGDA) have been prepared. The 
basic structure of PEGDA and the crosslinked network formed on photopolymerization 
are shown in Figure 2.1. The length of the repeat unit (n=14) is selected such that the 
overall ethylene oxide content remains high and the rubbery character of the network is 
maintained. Lower values of n can lead to a glassy network, while higher values of n can 
reduce the crosslink density to the point of crystallization. 
 
Optimization of membrane performance requires systematic variation of the membrane 
architecture, with an ultimate goal of establishing design rules that can be applied for 
specific gas separation objectives. This entails, for example, the use of different strategies 
to control crosslink density, while simultaneously tailoring membrane free volume. One 
approach to prepare these networks is by the inclusion of monofunctional acrylate groups 
in the prepolymer reaction mixture. The structures of selected acrylate monomers, 
poly(ethylene glycol) methyl ether acrylate [PEGMEA] and poly(ethylene glycol) 
acrylate [PEGA], along with the crosslinked network structure formed on copolymerizing 
these monomers with PEGDA, are shown in Figure 2.2. PEGDA acts as a crosslinker or 
bridge between the backbone chains, while the acrylate monomers are inserted as branch 
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 or pendant groups in the network. The length of the repeat segment for the PEGA and 
PEGMEA monomers is selected such that the copolymer networks retain their 
amorphous nature, as well as an approximately constant overall ethylene oxide content. 
This approach facilitates the characterization of networks with varying free volume, but 
similar chemical composition.  
 
A second approach for controlling crosslink density of the networks is by introduction of 
appropriate amounts of water as diluent, thus systematically varying the concentration of 
prepolymer in the reaction mixture.21-23 Lower prepolymer concentration can lead to the 
formation of “wasted” crosslinks (see Figure 2.3) due to an increase in intramolecular 
cyclization. These loops fail to contribute to the mechanical integrity of the network, but 
are effective in suppressing crystallization. This method again renders it possible to 
prepare amorphous networks with varying crosslink density and similar chemical 
composition.  
 
The above mentioned approaches afford the possibility of preparing a wide range of 
wholly amorphous model membranes having high ethylene oxide content. The 
corresponding structures can then be tailored to optimize CO2 permeability and CO2/light 
gas selectivity. Possible modifications to the structure of the networks include varying the 
repeat segment length of the crosslinker or acrylate pendant group, or introducing 
somewhat more rigid or bulkier crosslinkers.      
 
2.3 SEGMENTAL RELAXATION CHARACTERISTICS OF CROSSLINKED 
NETWORKS 
 
This section examines the relationships between network structure and segmental 
relaxation characteristics in crosslinked polymer networks. Dynamic mechanical analysis 
and broadband dielectric spectroscopy provide fundamental insight into the motional 
dynamics of polymer chain segments over a wide range of temperature and experimental 
timescale. These experimental techniques afford an enhanced understanding of segmental 
relaxation behavior as a function of the local molecular environment, as influenced by 
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 polymer composition and network architecture. Detailed information can be obtained on 
the time-temperature character of each relaxation, relaxation breadth, and the overall 
distribution of relaxation times. The sensitivity of these methods to relatively subtle 
changes in network structure renders them highly useful in elucidating those refinements 
that are most effective in tailoring membrane properties for specific separations.   
 
The segmental relaxation properties of polymer networks are strongly influenced by the 
presence of crosslinking. A number of studies have been undertaken to investigate the 
segmental constraint and dynamic heterogeneity that arise due to crosslinks in polymer 
networks, and the influence of varying crosslink density on the measured glass transition 
temperature (Tg).24-33 The introduction of crosslinks leads to a decrease in the 
conformational freedom of the chains and results in areas of restricted mobility in the 
vicinity of the crosslink junctions. The constraint imposed by the crosslinks typically 
manifests itself by an increase in Tg with increasing crosslink density. The positive shift 
in Tg is most prominent at high crosslink densities where the average distance between 
crosslinks approaches the characteristic length scale of local segmental rearrangement. A 
recent study by Schroeder and Roland on crosslinked poly(dimethylsiloxane) networks 
demonstrates this behavior, where an increase in Tg of over 50°C was observed when the 
distance between the crosslinks was reduced to ~ 14 Å.30 The increase in Tg was 
accompanied by broadening of the glass-rubber relaxation which can be attributed to the 
increased heterogeneous environment experienced by the relaxing chains at higher 
crosslink densities.  
 
The crosslink density of a network, or the effective number of network junctions per unit 
volume (υe, mol/cm3), is inversely related to the molecular weight between crosslinks 
(Mc, g/mol) as follows:34 
                                                       
c
p
e M
ρυ =                                                       [2.7] 
where ρp is the bulk polymer density (g/cm3). Equilibrium water swelling measurements 
and/or the value of the modulus in the rubbery plateau region (obtained via dynamic 
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 mechanical testing) can be used to estimate Mc. The rubbery modulus is correlated to the 
effective crosslink density according to classical rubber elasticity theory:35-37  
                                                     RT
ER
e 3
=υ                                                       [2.8]  
where ER is the rubbery modulus value, T is the absolute temperature and R is the 
universal gas constant. Thus, elasticity theory predicts a relation between Mc and the ratio 
T/ER such that lower crosslink density corresponds to a lower rubbery modulus. Figure 
2.4 shows a schematic of typical mechanical behavior for a polymer network with 
varying crosslink density. A decrease in the crosslink density is manifested by a drop in 
the value of the rubbery modulus and may be accompanied by a negative offset in Tg.      
 
The concept of time-temperature interdependence can be used to gain an understanding 
of the molecular relaxation behavior associated with these networks over a wide range of 
experimental timescales. By shifting the modulus data obtained from dynamic 
mechanical analysis relative to a single reference temperature, modulus-frequency master 
curves are generated (see time-temperature superposition method, Section 3.2).38 These 
master curves can be analyzed using a suitable model to assess the influence of effective 
crosslink density on the characteristics of the relaxation environment. One such model 
that accounts for both intramolecular and intermolecular cooperation, as typically 
encountered across the glass-rubber relaxation, is the Kohlrausch-Williams-Watts 
(KWW) function:29 
                                                                                  [2.9]  ])/(exp[)( 0
βτφ tt −=
 The KWW “stretched-exponential” function satisfactorily describes the glass-rubber 
relaxation in terms of τ0, the observed relaxation time and β, the distribution parameter. τ0 
is an average value for the distribution of relaxation times experienced by the network, 
while β quantifies the breadth of the relaxation. Lower values of β are indicative of 
increased intermolecular coupling and inhomogeneous broadening.29 Williams et al. have 
provided series approximations of the modulus and loss for the KWW model in the 
frequency domain; these can be used as a basis for curve fits to determine the 
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 characteristic parameters.39 Alternatively, Ngai et al. have proposed an equation similar 
to the KWW function that expresses the effective relaxation time in relation to the 
intermolecular coupling factor (n), with n reflecting the intermolecular constraints present 
between non-bonded relaxing species.40,41      
 
Dielectric relaxation spectroscopy is an effective tool to investigate molecular relaxations 
in crosslinked networks, and is a logical complement to dynamic mechanical analysis. 
The dielectric response of a material, expressed in terms of the complex dielectric 
constant (ε*), reflects the reorientation of dipoles along the polymer chain segments in 
response to an applied electric field of varying frequency. The dielectric dispersion 
associated with the glass transition undergoes broadening and shifts to lower frequencies 
(longer relaxation times) as the hindrance to chain motion increases with increasing 
crosslink density. A number of empirical models have been proposed to relate the shape 
of the dielectric relaxation data to segmental motions of the polymer chains (see Section 
3.3). Among them, the Havriliak-Negami (HN) equation42 appears to be the most 
versatile for describing the entire dielectric relaxation spectrum, as it can readily account 
for the asymmetric relaxation broadening typically encountered in crosslinked networks:    
                                                ba
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The parameters appearing in the HN equation are defined as follows: εR is the relaxed 
dielectric constant value, obtained at very low frequencies (ω→0), and εU is the 
unrelaxed dielectric constant, corresponding to high frequencies (ω→∞). τHN represents 
the average relaxation time of the network, while a (broadening parameter) and b 
(skewing parameter) characterize the shape of the relaxation curves. The dielectric 
relaxation intensity (∆ε) is given by the difference, εR - εU.  
 
In addition, the application of a suitable model (such as the HN model) can be used to 
establish the intensity of a particular relaxation, thus providing insight into the number 
and character of the network dipoles participating in a specific relaxation process. The 
specificity of the dielectric “probe” (i.e., network dipoles) and the wide frequency range 
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 of the dielectric technique make it especially useful for studying the influence of network 
modifications on polymer chain mobility.  
 
The temperature dependence of segmental relaxations is of vital importance in 
understanding the dynamics of polymer networks. Local transitions, for example sub-
glass relaxations, are typically non-cooperative, activated processes. The short-range 
motions inherent to these relaxations usually follow the Arrhenius model, such that a 
semi-logarithmic plot of relaxation time [log(τ)] versus 1/T results in a straight line. 
Alternatively, the glass-rubber transition is a large-scale, cooperative process that 
displays non-Arrhenius behavior. Such processes depend on free volume availability and 
can be described using the Williams-Landel-Ferry (WLF) equation (see Figure 2.5).38 
The wide distribution of relaxation times observed in crosslinked polymer networks can 
mask the influence of intermolecular coupling on the relaxation behavior. In order to 
address this issue, Angell has proposed the generation of normalized semi-logarithmic 
Arrhenius plots in the vicinity of the glass-rubber transition, known as cooperativity 
plots.29,43 In Figure 2.6, the relaxation time (τ) or the shift factor (aT) is plotted versus 
reciprocal temperature, normalized with respect to an appropriate reference temperature 
(usually chosen as the glass-rubber transition temperature, Tg). The data can then be fit to 
the WLF model to capture the non-Arrhenius behavior of the glass-rubber relaxation, and 
temperature normalization enables direct comparison of networks with different Tg’s on a 
single plot.  
 
The fragility of a material can be used as an index to quantify the temperature sensitivity 
of segmental relaxation for different systems. Generally, materials with a rigid backbone 
and/or high crosslink density display greater temperature dependence reflective of their 
higher intermolecular association, and correspondingly higher fragility. On the other 
hand, polymers with a flexible backbone and a more open structure have lower fragility.44 
The temperature sensitivity of each material is reflected in the fragility (or steepness) 
index (m), which is determined based on the slope of the respective cooperativity curve at 
a particular reference temperature (TREF = Tg) as follows: 
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where aT = τ/τREF. The fragility index, m, can also be correlated to the corresponding 
apparent activation energy (EA) at that temperature: 
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Thus, a network with lower crosslink density and reduced segmental constraints will 
exhibit lower values of slope and fragility index m, and hence a lower activation energy. 
This behavior is suggestive of a more open, less restricted network and indicates a 
decrease in the temperature sensitivity of segmental relaxation due to a reduction in the 
intermolecular cooperativity.  
 
Numerous investigators have employed several complementary experimental techniques 
in conjunction with empirical models to characterize relaxation behavior in crosslinked 
polymeric networks. Litvinov and Dias,24 for example, have investigated copolymer 
networks of UV cured poly(ethylene glycol) diacrylate [PEGDA] crosslinker with 2-
ethylhexyl acrylate [HEA] using dynamic mechanical analysis and NMR techniques. The 
network structure and crosslink density were altered by varying the amount of HEA 
monomer, thus changing the fraction of pendant or dangling chains in the corresponding 
network. Mechanical and NMR testing showed an increase in the molar mass between 
crosslinks (Mc) accompanied by a drop in Tg, indicating the formation of a more open, 
less-constrained network with increasing HEA content. Similar dynamic mechanical 
studies have been performed by Alves et al.25 on networks prepared by copolymerizing 
poly(methyl methacrylate) [PMMA] with different amounts of the crosslinker, ethylene 
glycol dimethacrylate [EGDMA]. Increases in crosslink density were manifested by a 
positive offset in Tg of ~ 20°C over the range of samples studied, with a corresponding 
shift in the glass-rubber (α) relaxation to longer times. The modulus data were analyzed 
using the KWW equation, and indicated an increase in the breadth of the glass-rubber 
relaxation as reflected in decreasing values of the βKWW parameter. The fragility concept 
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 was applied to assess the temperature dependence of the characteristic relaxation times 
for the different samples. The fragility index (m) increased with increasing crosslinker 
content suggesting a stronger non-Arrhenius behavior at higher crosslink densities. The 
sub-glass (β) relaxation characteristics, however, were found to be independent of 
crosslink density. This reflects a minimal influence of crosslinker content at the small 
length scales of non-cooperative motion. 
 
Kannurpatti et al.26-28 have investigated the preparation of ideal crosslinked networks via 
the use of living radical polymerizations that eliminate the trapping of radicals in the 
emerging network. As such, the networks remain chemically inert on further increase of 
temperature. This offers the possibility of preparing networks with widely varying 
crosslink density that remain fully stable during the course of thermal analysis. Dynamic 
mechanical studies on copolymers of poly(ethylene glycol) dimethacrylate [PEGDMA] 
and diethylene glycol dimethacrylate [DEGDMA] reveal an increase in the heterogeneity 
of the polymer matrix upon inclusion of increasing amounts of the shorter, less flexible 
DEGDMA monomer into the network. The Tg was found to increase linearly with 
crosslink density along with a decrease in the βKWW value. Networks were also prepared 
by copolymerizing the above dimethacrylates with monomers such as n-octyl 
methacrylate [OcMA] and n-heptyl acrylate [HepA]. From a stoichiometric standpoint, 
DEGDMA copolymer networks should be more highly crosslinked as compared to the 
flexible PEGDMA networks. However, counter-intuitively, the molecular weight 
between crosslinks (Mc) for DEGDMA was found to be higher than in the PEGDMA 
networks. This suggested the extensive formation of loops in crosslinked DEGDMA 
through cyclization, leading to higher apparent values of Mc as reflected in the rubbery 
modulus. Thus, the length of the crosslinker agent was found to be strongly influential in 
the resulting relaxation behavior of the network. Dielectric analysis carried out on these 
networks revealed a secondary, local (β) transition at higher frequencies and shorter 
relaxation times. The intensity of the β peak was found to correlate with the number of 
unreacted double bonds in the network; at higher cure times, lower β relaxation intensity 
was measured. At the same time, higher extents of conversion led to broadening of the 
glass-rubber (α) relaxation, which shifted to longer relaxation times. 
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 Roland and co-workers29,30 have performed relaxation studies on various crosslinked 
polymer networks including poly(vinylethylene) [PVE] and poly(dimethylsiloxane) 
[PDMS]. Dielectric analysis revealed segmental relaxation characteristics similar to the 
networks described above, with positive offsets in Tg, increased fragility and relaxation 
broadening observed with increasing crosslink density. In the case of the PVE networks, 
it was possible to distinguish the effect of crosslinking on intermolecular cooperativity as 
opposed to variations in local friction. It was shown that the uncorrelated segmental 
relaxation time (as determined by the Hall-Helfand equation45), which signifies 
intramolecular correlations, showed only a modest increase with increase in crosslink 
density as compared to the relaxation time given by the KWW expression. This reflected 
the dominant influence of intermolecular coupling on the relaxation characteristics of the 
networks in comparison to the effect of local friction. In studies on the PDMS system, a 
significant increase was observed in Tg and fragility when Mc approached a value 
comparable to the segmental relaxation length scale.   
 
A number of other investigators have examined the dielectric relaxation characteristics of 
model crosslinked polymer networks with well-controlled architectures. Glatz-
Reichenbach et al.31 studied styrene-butyl-acrylate [SB] divinylbenzene [DVB] 
copolymers, for example, while Yu Kramarenko et al.32 prepared model heterocyclic 
polymer networks via simultaneous trimerization of 1,6-hexamethylene diisocyanate 
[HMDI] and hexyl isocyanate [HI]. Fitz and Mijovic33 used poly(methylphenylsiloxane) 
[PMPS] chains with reactive end groups in order to control the distance between 
crosslinks, and measured the effective cooperativity length for these networks. Analysis 
of the dielectric relaxation spectra in the above studies was accomplished by fitting the 
relaxation data to the Havriliak-Negami (HN) function. The shape of the dielectric loss 
curves can be characterized by scaling the HN parameters (a and b) using a model 
proposed by Schöhnals and Schlosser.46 The scaling parameters of the model are given by 
m=a and n=a•b.  m is sensitive to the low frequency side of the spectrum and reflects 
large scale cooperative motions. n, on the other hand, encompasses the high frequency 
limit and the corresponding small scale, local motions. Both m and n can be studied with 
variation in temperature and crosslink density to gauge the relaxation behavior. In the 
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 copolymers studied by Glatz-Reichenbach and Yu Kramarenko, m decreased with 
crosslink density while n remained invariant. This suggests that the local environments in 
the network are not influenced by changes in the crosslinker content. Fragility studies can 
be coupled with shape parameter analysis to establish the length scale of cooperative 
relaxation. In the PMPS networks examined by Fitz and Mijovic, invariance in the 
fragility index and relaxation shape across the range of samples studied indicated that the 
cooperative length of the relaxing segments was less than the distance between crosslinks 
for their particular series of networks. 
 
The strategic formulation of crosslinked networks, and the characterization of static and 
dynamic properties is crucial for the intelligent design of membrane materials with 
desired performance attributes. The molecular relaxation of poly(ethylene glycol) based 
networks, and their relation to gas separation performance, are detailed in Chapter 4 
(dynamic mechanical studies) and Chapter 5 ( dielectric measurements). 
 
2.4 TRANSPORT AND CHAIN DYNAMICS IN NANOCOMPOSITE 
MATERIALS   
 
Over the last decade, polymer nanocomposites have proven to be promising membrane 
materials for selective gas separations.47 However, the large polymer-particle surface area 
generated by the nanosized filler particles often results in significant modifications to the 
thermomechanical properties of the polymer matrix, modifications that can have a strong 
influence on the separation properties of the composite.48-50 The establishment of a 
fundamental understanding of the morphology and dynamics of nanocomposites and their 
relationship to gas separation is an important step in optimizing performance. This 
section examines the transport behavior of nanoparticle-filled polymer systems and 
considers the extent to which the presence of nanoscale filler affects the dynamics 
associated with polymer chain motion, and the resulting gas separation properties of the 
polymer matrix.  
 
 17 
 
 
 Impermeable filler particles dispersed in a polymer film act as impediments to the 
molecules diffusing through the matrix. The penetrant molecules have to follow a more 
tortuous diffusion path and hence cover a longer distance to pass through the film. Also, 
the overall permeability suffers since the total area available for permeation decreases. If 
τ is the tortuosity factor and φ is the volume fraction, then the effective diffusivity and 
permeability are given by:51 
                                                     τ
p
eff
D
D =                                                        [2.13] 
                                                    τ
φ pp
eff
P
P =                                                       [2.14] 
where subscripts eff and p denote the filled and pure polymer phases, respectively. The 
tortuosity factor τ accounts for the additional distance traversed by the molecules in a 
tortuous path and has been defined by several theoretical expressions incorporating 
particle shape, orientation and interaction with the matrix. Maxwell provides a simple 
expression for the definition of τ:52  
                                                      
2
1 f
φτ +=                                                       [2.15]          
where φf  is the volume fraction of the filler particles. Thus, from equations 2.14 and 
2.15, the effective permeability for a two-phase system comprised of a continuous 
polymer phase and a dispersed filler particle phase is given by:   
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1
1
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φ
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+
−=                                                   [2.16] 
For non-porous filler with negligible sorption of the penetrant molecules, the 
permeability decreases with increasing filler content and the corresponding increase in τ. 
For this binary system, the solubility is given by: 
                                                       pp SS φ=                                                        [2.17]  
where Sp is the solubility of the pure polymer phase. In the event of sorption by the filler 
particles, the solubility equation is expanded as follows:53  
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                                                  fppp SSS )1( φφ −+=                                          [2.18] 
where Sp and Sf are the penetrant solubilities in the polymer phase and the filler phase, 
respectively. 
  
The transport behavior described above is true for larger filler particles, typically of size 
greater than 100 nm. However, a contradictory effect is observed upon dispersion of 
particles of a smaller sizescale. In fact, nanoscale particles can interact chemically or 
physically with the surrounding polymer matrix, thereby modifying the chain dynamics 
and the corresponding transport characteristics. Studies by Merkel et al. have 
demonstrated this behavior where significant permeability enhancement was observed 
when nanoparticles were dispersed into rigid, glassy polymer membranes.47,54,55 Methane 
permeability was found to increase by more than 300% upon addition of 25 vol% of 13 
nm fumed silica particles in poly(4-methyl-2-pentyne) [PMP], a rigid polyacetylene. The 
permeability increase can be attributed to disruption in the rigid chain packing, thus 
enhancing the free volume available for penetrant transport. Recently, Matteucci and 
coworkers56 have observed improved permeation rates in rubbery polymer systems. 
Inclusion of ~ 30 vol% of spherical MgO nanoparticles (nominal diameter: 2.5nm, 
specific surface area: 640 m2/g) in 1,2 polybutadiene was found to enhance CO2 
permeability by more than an order of magnitude, with significant improvement in 
CO2/light gas selectivity as compared to the unfilled polymer.   
 
In a nanocomposite matrix, the particle-polymer interactions, as well as physical 
confinement effects, can have tremendous influence on the polymer chain mobility. 
Consequently, the restriction of chain motion can alter the thermomechanical properties 
of the polymer.48-50 Previous studies have shown that inclusion of inorganic particles like 
carbon black or silica can significantly increase the glass transition temperature of the 
matrix.57 In certain systems, reports have indicated the emergence of a second, higher Tg 
reflecting a more constrained population of polymer chain segments in the vicinity of the 
particle surface.58-62 Early studies by Yim et al. reported a dual Tg behavior on inclusion 
of silica particles (specific surface area: 200 m2/g) in polymers such as poly(dimethyl 
siloxane) [PDMS], polystyrene [PS] and poly(ethylene glycol) [PEG].58 Similar results 
 19 
 
 
 have also been reported on inclusion of silica particles into acrylic polymers like 
poly(acrylic acid) and poly(methyl acrylate).59 Interestingly, experiments conducted by 
Tsagaropoulos60,61 with varying silica particle size (nominal diameters of 7 nm and 44 
µm, respectively) revealed the existence of a higher offset Tg only for the nanosized 
particles, the extent of influence of the inorganic particles on the polymer matrix 
correlating with their effective surface area. Conversely, studies have shown a negative 
offset in Tg for systems in which the polymer does not completely wet the particles. 
Arrighi et al.62 indicated a drop in Tg for styrene-butadiene rubber [SBR] filled with 
modified hydrophobic silica particles (specific surface area: ~ 160 m2/g) while Ash et 
al.50 reported a reduction of ~ 25°C in Tg upon dispersion of alumina particles (nominal 
diameter: 38 nm, specific surface area: 44 m2/g) in poly (methyl methacrylate) [PMMA].  
 
A recent review article by Torkelson63 discusses work undertaken to understand the 
variation in Tg in ultra-thin polymer films. Tg was found to strongly decrease with 
decreasing film thickness for a free surface film or films coated on neutral or repulsive 
substrates (film thicknesses below ~ 100 nm). On the contrary, for thin films applied on a 
substrate with favorable polymer-substrate interaction, Tg was observed to increase with 
decreasing film thickness. For the rubbery nanocomposites studied here, the average 
interparticle distance may be on the order of 10 nm, resulting in a significant influence of 
nanocofinement on polymer chain mobility. The sensitive nature of polymer-substrate 
interactions at the nanoscale and their corresponding influence on gas transport properties 
makes the study of nanocomposite morphology and dynamics important in glassy 
systems, and in filled rubbery polymer networks; see Section 4.3.3.             
   
2.5 SEMICRYSTALLINE MORPHOLOGY OF LOW CRYSTALLINITY 
POLYMERS 
 
“Low crystallinity” polymers is a broad term used for polymers with a semiflexible 
backbone structure and a bulk crystallinity level of usually less than 50%.64 
Poly(trimethylene terephthalate) [PTT], a low crystallinity thermoplastic, exhibits unique 
stress-recovery characteristics that has led to its growing use in the fibers and apparel 
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 industry. It is speculated that the “kinked” structure possessed by PTT is largely 
responsible for its distinctive mechanical performance (see Figure 2.7). A broad 
understanding of the thermomechanical properties of PTT can be achieved by 
investigating the dynamic mechanical and dielectric relaxation behavior of specimens 
prepared with varying thermal histories. Of particular interest is the relationship between 
the crystalline morphology and thermomechanical behavior; e.g., the characteristics of 
the glass-rubber relaxation, as compared to similar semiflexible low crystallinity 
polymers. 
 
Low crystallinity polymers typically exhibit slow crystallization kinetics that make it 
possible to capture them in a wholly amorphous state. This provides an opportunity to 
generate a wide range of crystalline morphologies with controlled processing history, and 
to contrast the thermomechanical properties of these materials with the quenched, 
amorphous glass. The semicrystalline morphology of such polymers will be examined in 
this section by reviewing the relaxation characteristics of two widely-studied low 
crystallinity polymers that possess a relatively rigid, linear backbone structure: 
poly(ethylene terephthalate) [PET] and poly(ether ether ketone) [PEEK]. The properties 
of these polymers will be further assessed by considering the influence of “kinks” 
incorporated within the backbone structure via copolymerization. Copolymers to be 
discussed include (low crystallinity) poly(ether ketone ketone) [PEKK] and meta-
phenylene modified poly(phenylene sulfide) [PPS].  The molecular structures of the 
polymers of interest are shown in Figure 2.8. 
 
In many ways, the crystallization and morphology of PET and PEEK are similar, owing 
to their relatively rigid, straight-chain or para-connected aromatic backbone structure. 
The relaxation behavior of PET has been established through a large number of dynamic 
mechanical and dielectric studies.46,64-75 Typical to low crystallinity polymers, PET 
displays two motional transitions: a short range, non-cooperative sub-glass (β) relaxation 
and a long range, cooperative glass-rubber (α) relaxation. While the β relaxation remains 
largely unaffected by the presence of crystallinity, the α relaxation is altered by the 
spatial constraints imposed by the crystal regions on the relaxing amorphous segments. 
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 The presence of crystallinity leads to a broadening of the glass-rubber relaxation and a 
positive offset of ~ 10-25°C in Tg as compared to a wholly amorphous sample, mainly 
due to the development of a constrained relaxation environment. The observed positive 
offset in the relaxation temperature varies with the thermal history; e.g., cold 
crystallization temperature. Small angle X-ray scattering (SAXS) studies by Dobbertin et 
al. have shown an inverse relation between the relaxation temperature and the amorphous 
interlayer thickness of the PET crystals.74 With increasing cold crystallization 
temperature the crystal lamellae were found to be thicker, leading to less segmental 
constraint and a somewhat lower value of Tg. 
 
The relaxation characteristics of PEEK have been examined extensively using dielectric, 
dynamic mechanical and calorimetric methods, 76-85 and display a behavior very similar 
to that of PET. Again, the glass-rubber relaxation properties were found to be strongly 
influenced by the constraints imposed by the crystal layer, with Tg offset to higher 
temperatures in the crystallized samples as compared to the quenched glass. For PEEK, 
samples prepared using solvent crystallization and thermal crystallization were compared 
on the basis of their dynamic mechanical glass transition temperature, Tα. The offset in Tα 
for solvent crystallized samples was ~ 10-15°C higher than that observed for the 
thermally crystallized samples, emphasizing the sensitivity of Tg to variations in the 
semicrystalline morphology. SAXS studies80,84 have revealed the existence of a thinner 
amorphous interlayer and correspondingly tighter morphology in the solvent crystallized 
samples, leading to the observed increase in Tα. 
 
A distinctive behavior seen in PET and PEEK is that of a disproportionate decrease in the 
glass-rubber relaxation intensity upon crystallization. When a polymer crystallizes, some 
portion of chain segments are incorporated into the three-dimensional crystal structure 
and remain immobile at temperatures below the melting temperature (Tm). The fraction of 
such segments, which fail to contribute to the relaxation intensity, can be determined by a 
number of methods, such as calorimetry or X-ray diffraction. However, in the case of low 
crystallinity polymers like PET and PEEK, the observed decrease in intensity is 
substantially lower than the fraction of polymer chain segments immobilized within the 
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 crystalline phase. This behavior has been attributed to the existence of a third phase, 
known as the “rigid amorphous phase (RAP)” (see Figure 2.9), which consists of non-
crystalline material that remains immobile at the glass transition and which has been 
shown to relax gradually between Tg and Tm.69,71,85 Calorimetric studies on PET74 and 
PEEK76,85 have indicated the presence of a RAP fraction in the range of 0.2-0.4 for 
various sample processing histories; the highest amount of RAP is observed for the 
lowest cold crystallization temperatures, which correspond to the most restrictive 
crystallization conditions. Higher cold crystallization temperatures or less restrictive 
crystallization conditions (e.g., slow cooling from the melt) allow for greater chain 
mobility during crystallization, thereby decreasing the RAP fraction. However, for PET 
and PEEK, a finite amount of RAP fraction was found to remain even at the least 
restrictive crystallization conditions. 
 
Variation in the backbone structure of these relatively rigid, semiflexible polymers can 
lead to the development of a strikingly different relaxation behavior. Features observed in 
PET and PEEK (i.e., large offset in Tg for crystallized samples and the presence of a 
significant RAP fraction) are dramatically reduced by the random copolymerization of up 
to ~ 10 mol% of 1,3 meta-phenylene linkages into the polymer backbone. This trend is 
observed in the case of poly(ether ketone ketone) [PEKK] copolymers and modified 
poly(phenylene sulfide) [PPS] (see Figure 2.8). Studies on PEKK86,87 and PPS88-90 reveal 
a lower offset in Tg for the crystallized copolymer samples as compared to their wholly 
amorphous counterparts, with the degree of offset varying inversely with the fraction of 
random kinks (meta content) in the copolymer backbone. In fact, PEKK and PPS samples 
prepared under the least restrictive crystallization conditions, (i.e., high cold 
crystallization temperatures or slow cooling from melt) exhibit Tg values equivalent to 
that of a completely amorphous sample, despite the presence of ~ 30 wt% crystallinity. 
 
A second distinctive aspect of the “kinked” copolymer morphology is the progressive and 
complete mobilization of the rigid amorphous phase with varying copolymer composition 
and thermal history. Less restrictive crystallization conditions and/or higher meta 
phenylene content led to a sharp reduction in the RAP fraction. Dielectric studies on 
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 PEKK87 and PPS89 copolymers have shown the mobile amorphous fraction reaching a 
value of 0.65-0.70, indicating nearly full mobilization of the non-crystalline material. It 
appears that the segregation of meta linkages at the crystal-amorphous interface results in 
a disruption of the constraining influence that the crystalline segments impose on the 
interlamellar amorphous chains, thereby accounting for greater chain mobility across the 
glass transition and a corresponding minimization of the RAP phenomenon.  
 
PTT possesses a similar kinked backbone. However, PTT has a regular kinked structure, 
as opposed to the random structures evident in the PEKK and PPS copolymers. It is of 
interest to study the crystalline morphology in PTT in terms of its influence on Tg, the 
overall RAP fraction, and RAP mobilization as a function of sample preparation history. 
A complete experimental study of the relaxation characteristics of PTT, as related to 
crystalline morphology, is presented in Chapter 6.   
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Figure 2.1: (a) Chemical structure of poly(ethylene glycol) diacrylate [PEGDA]; (b) Schematic 
of idealized crosslinked network for 100% PEGDA. 
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Figure 2.2: (a) Chemical structures of acrylate monomers; (b) Formation of crosslinked 
copolymer network. 
 26  
  
 
 (a) 
 
 
 
H2C CH C
O
O CH2 CH2 O C
O
CH CH2
14
 +  H2O  
 
 
 
 
UV 
CH2CH CH CH2 CH CH2CH2
R
CHCH2CHCH2CHCH CH2
R
CH2
CH
R
CH2
RR
CHCH2CHCH2CHCH CH2CH2
R
Loop formation 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
     (b) 
 
 
 
CH2 C
R
CHH2C
H
CH2 CH
R
CHCH2H2C CH
R
H
CCH2
 
 
 
 
 
 
 
 
Figure 2.3: (a) Schematic of PEGDA-water crosslinked network; (b) Formation of loops 
or “wasted” crosslinks in PEGDA-water networks.  
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Figure 2.4: Schematic showing the typical modulus behavior for crosslinked networks 
with decreasing crosslink density. 
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Figure 2.5: Arrhenius plot (log(τ) or log(aT) versus 1/T) showing the temperature 
dependence of the sub-glass and glass-rubber relaxation processes in polymer networks.  
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Figure 2.6: Schematic of the Fragility or Cooperativity plot (log(τ) or log(aT) versus 
TREF/T) showing the temperature sensitivity of the glass-rubber relaxation process as a 
function of crosslink density.   
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Figure 2.7: Kinked molecular conformation+ and repeat unit structure of PTT.                
(+ - Adapted from: http://www.swicofil.com/ptt.html) 
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Figure 2.8: Repeat unit structures of selected low crystallinity polymers. 
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Figure 2.9: Schematic showing the rigid amorphous phase in semicrystalline PTT. 
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 Chapter Three 
 
Experimental Methods 
 
 
The primary objective of this work is the fundamental characterization of molecular 
architecture, chain dynamics and phase behavior in semicrystalline polymers and 
membranes as a function of composition, synthesis and processing history. Thermal 
analysis techniques will be employed to elucidate the structure-property relationships for 
two types of materials: (i) polyethylene glycol (PEG) – based rubbery networks for use in 
gas separation membranes, and (ii) poly(trimethylene terephthalate) (PTT), a 
semicrystalline thermoplastic which is a recent addition to the family of commercial 
aromatic polyesters.    
 
3.1 MATERIALS 
 
The focus of studies undertaken in this work is the characterization of rubbery copolymer 
membranes strategically formulated from liquid monomers to achieve high solubility 
selectivity for larger, polar or quadrupolar gas molecules over small, non polar gases. 
These are typically highly crosslinked networks prepared via UV photopolymerization of 
polyethylene oxide (PEO) based diacrylates, which act as the crosslinker, and PEO-based 
acrylates, which introduce side-chains into the networks. The inclusion of branch groups 
via reaction with monofunctional acrylates alters the crosslink density and the fractional 
free volume of the network, and thereby influences the gas permeation properties. 
Figures 3.1 and 3.2 show the chemical structures of the monomers used for this work; all 
monomers were obtained from Sigma-Aldrich (Milwaukee, WI).  Proton nuclear 
magnetic resonance (1H NMR) and fast atom bombardment mass spectrometry (FAB-
MS) were performed at the University of Texas at Austin to confirm the molecular 
weight and polydispersity index of the monomers. 
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 The second material under investigation is a semicrystalline thermoplastic, 
poly(trimethylene terephthalate) (PTT). PTT, a member of the terephthalate polyester 
family, shows properties intermediate to its commercial predecessors; polyethylene 
terephthalate (PET) and polybutylene terephthalate (PBT). The chemical structure of PTT 
is shown in Figure 2.7. Due to its distinctive, kinked molecular structure PTT finds varied 
commercial applications ranging from textile and carpet fibers to structural materials.91 
Quenched PTT has a glass transition temperature (Tg) of around 42°C with an 
equilibrium melting temperature of ~ 237°C.92 For experimental purposes, PTT resin was 
obtained in pellet form through the courtesy of Shell Chemical Company, Houston, TX 
(CORTERRATM PTT 200, intrinsic viscosity: 0.921 dl/g).  
 
3.2 DYNAMIC MECHANICAL ANALYSIS (DMA) 
 
3.2.1 Basic theory  
 
Polymers typically show a viscoelastic response to an externally applied load; i.e., their 
response behavior is intermediate between that of an elastic solid and a viscous liquid. At 
low temperatures and high rates of strain, polymers typically behave as an elastic solid 
and follow Hooke’s law, where stress is proportional to strain and independent of the rate 
of loading: 
                                                         Ee=σ                                                       [3.1] 
On the other hand, at high temperatures and low rates of strain, polymers tend to follow 
Newton’s law for a purely viscous liquid, where stress is proportional to the rate of strain 
and independent of strain: 
                                                         dt
deησ =                                                  [3.2] 
At low strains, deformation in polymers is reversible but time and temperature dependent.  
Thus, DMA can be used as a tool to investigate the dynamic mechanical properties of the 
polymer as it involves the measurement of stress response to a periodic strain as a 
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 function of the experimental time scale (i.e., the frequency of perturbation), with 
simultaneous variation in temperature.  
 
In a typical dynamic mechanical experiment, an oscillating sinusoidal stress is applied 
and the resulting strain is measured. For a viscoelastic material, the strain response lags 
the applied sinusoidal stress by a phase angle δ, or similarly the stress leads the strain by 
a phase angle δ. This can be expressed in complex notation as: 
                                              )(exp)( 0 δωσσ += tit                                  [3.3] 
                                                   )exp()( 0 tiete ω=                                       [3.4] 
Since modulus is defined as stress/strain, the complex modulus (E*) can be written as: 
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where E1 represents the in-phase elastic component of the complex modulus or the fully 
recoverable energy stored per cycle and is termed the storage modulus; E2 is the loss 
modulus, i.e., the out-of-phase viscous component quantifying the viscous dissipation or 
the loss of energy; tan δ is the loss factor and is defined as the ratio of the loss modulus to 
the storage modulus. 
 
3.2.2 Time-temperature superposition 
 
An experimental limitation of dynamic mechanical analysis is the relatively narrow range 
of experimentally-accessible frequencies (~ 10-2 to 102 Hz). This is overcome by 
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 elucidation of the complete modulus-frequency behavior using the principle of time-
temperature interdependence, i.e., by capturing the full relaxation behavior of a material 
at a single reference temperature.38 This method is based on the expectation that the 
viscoelastic behavior of a polymer at a particular temperature can be correlated to its 
response at a different temperature by a simple shift in the experimental timescale (see 
Figure 3.3).93 The experimental modulus or loss data are superimposed relative to a 
single reference temperature via the introduction of a horizontal offset, also known as the 
shift factor (aT), to generate a master curve in the frequency domain as shown in Figure 
3.4. This broadens the range of effective frequencies over which the sample can be 
analyzed. Typically, the reference temperature (TREF) is chosen close to the glass 
transition temperature. The master curve plot then has a horizontal axis given by: 
                               )log()log()log()log( expexp TTMC aa ωωω =+=         [3.6] 
3.2.3 Relaxation time and distribution parameter 
 
The relaxation of a polymeric material across the glass transition can often be described 
by a “stretched” form of the exponential decay model, also known as the Kohlrausch-
Williams-Watts (KWW) model, in order to encompass the wide range of relaxation time-
distribution:   
                                                                                    [2.9] ])/(exp[)( 0
βτφ tt −=
 This asymmetric model is based on the assumption that the relaxation function φ(t) is 
influenced solely by intermolecular coupling amongst relaxing polymer chain segments. 
It contains two parameters, a single central relaxation time constant (τ0) and a distribution 
parameter (β). β varies with the strength of interaction, thus mapping the influence of the 
intermolecular coupling to the segmental relaxation. Values of β range from 0 to 1, with 
lower values of β indicating a more heterogeneous or constrained environment for 
segmental motion.29     
 
Upon completion of the time-temperature superposition, the experimental data obtained 
are compared with a library of normalized curves generated using series solutions 
reported by Williams.39 Figure 3.5 shows a series of such curves obtained via the KWW 
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 reported by Williams.39 Figure 3.5 shows a series of such curves obtained via the KWW 
function for varying values of β. With increasing β, a more narrow and correspondingly 
homogenous relaxation is obtained. 
 
3.2.4 Experimental configuration and procedure 
 
Dynamic mechanical analysis is a versatile technique for probing a broad spectrum of 
molecular motions in polymeric materials. Measurements in dynamic mechanical 
experiments can be based on two methodologies, either by decay of free vibration or by 
employing a forced vibration. Typically, polymeric materials are analyzed using a forced 
vibration technique which allows for dynamic excitation over a range of frequencies 
without a change in sample dimensions.94 Forced vibration testing encompasses two 
deformation geometries: the tensile and bending modes.  
In tensile mode, the sample is mounted such that the linear force is applied along the 
length of the sample. This method is particularly useful for materials that may relax with 
temperature, e.g., films and fibers. The alternative is the bending mode in which the 
sample, usually a rectangular bar, is clamped rigidly at the two ends (dual cantilever 
mode) with a sinusoidal force applied at its central point, or fixed at one end with the 
other end free to vibrate (single cantilever mode). The bending mode is typically the most 
versatile and can be used for a wide variety of materials. In particular, the single 
cantilever geometry is preferred for high temperature measurements and samples that 
tend to undergo large changes in dimensions during the experiment. 
Figure 3.6 shows a schematic of the configuration for the Polymer Laboratories Dynamic 
Mechanical Thermal Analyzer (DMTA). The sample is mounted inside the test head; the 
environment inside the test chamber is controlled by heating coils that run spirally around 
the chamber, a liquid N2 cooling jacket, and entry/exit points for supplying inert gas (N2). 
The sample is mounted in single cantilever mode as shown in Figure 3.7. The head is 
connected to a temperature controller and an analyzer which in turn are interfaced with a 
computer. The analyzer is programmed to generate and control the applied sinusoidal 
stress and simultaneously measure sample displacement. The measured responses are 
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 processed along with calibration values of the equipment and sample dimensions. 
Incorporation of these values into an equation expressing the forced vibration of the 
system generates the numeric values for storage modulus (E′) and loss factor (tanδ = E′′/ 
E′).95 
Figure 3.8 shows a schematic plot of storage modulus and tanδ for a model material 
scanned over a range of frequencies across the glass-rubber relaxation. The drop in the 
storage modulus with the simultaneous peak in tanδ represents the onset of large scale 
conformational motions corresponding to the glass transition. The loss factor exhibits a 
maximum in the temperature scan when the frequency of the motional processes inside 
the sample resonates with the experimental frequency. The peak position shifts to higher 
temperatures with increasing experimental frequency, reflecting the higher level of 
thermal energy required for the polymer segments to respond to the applied perturbation.  
 
3.2.5 Sample preparation and experimental technique  
 
The dynamic mechanical measurements were carried out using a Polymer Laboratories 
MK-II DMTA configured in bending mode with single cantilever geometry. Liquid N2 
was used as coolant to perform sub-ambient runs, and N2 purge gas was maintained to 
provide an inert testing atmosphere. Sample films (0.5 to 1.0 mm thickness) were cut into 
rectangular bars of 10 mm x 30 mm and were vacuum dried prior to measurement. 
Experiments were conducted over a temperature range of -120°C to 200°C with a heating 
rate of 1°C/min. Storage modulus and tanδ were recorded at frequencies ranging from 0.1 
Hz to 10 Hz. Dynamic mechanical transition temperatures were established according to 
the peak in tanδ at 1 Hz; based on the heating and data collection rates inherent to the 
dynamic mechanical measurements, the precision associated with the peak temperatures 
was ± 1°C. 
 
 
 
 
 39  
 3.3 BROADBAND DIELECTRIC SPECTROSCOPY (BDS) 
 
3.3.1 Overview 
  
Broadband Dielectric Spectroscopy is a non-intrusive technique suitable for probing 
molecular motions and morphology in a variety of material systems. In this study, it 
involves measurement of the dielectric response of a polymeric material subjected to an 
alternating electric field as a function of the frequency (time) and temperature. 
Application of an electric field leads to polarization of the material. Polarization can be 
the outcome of (і) an instantaneous distortion of the electron cloud associated with the 
constituent molecules termed electronic polarization or induced-dipole polarization, (іі) 
the re-alignment of the molecular dipoles present along the polymer chain, referred to as 
orientation polarization, or (ііі) interfacial polarization, which involves the migration and 
trapping of charged species at impenetrable interfaces or boundaries. 
 
The primary focus of the dielectric studies described here is the elucidation of orientation 
polarization as it involves the alignment of dipoles along the polymer chain, thus 
providing insight into polymer chain motions and their relation to molecular structure and 
morphology. These motions can encompass large scale cooperative relaxation of the 
chains, typically associated with the glass transition, or local (non-cooperative) sub-glass 
relaxations such as the rotation of side groups or the vibration of small segments. The 
measured intensity of the relaxations reflects the strength of the dipoles and the scale of 
the corresponding motions.96 
 
3.3.2 Derivation of phenomenological equations 
 
3.3.2.1 Static measurements 
 
Consider a parallel-plate capacitor as shown in Figure 3.9, with an electric field E 
applied across the plates; the plates have an area A and are separated by a distance d, with 
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 d much smaller than the dimension of the plates.  When a dielectric medium is positioned 
between the plates, the resulting capacitance is given by: 
                                           
V
Q
Ed
AC == σ                                                  [3.7] 
where σ is the charge density, Q is the magnitude of charge on each plate, and V is the 
potential difference across the plates due to the charge. If the dielectric medium is 
replaced by vacuum, the voltage required to maintain the same magnitude of charge 
increases, thereby reducing the capacitance across the plates to C0. The static dielectric 
constant (εS) is then defined as: 
                                                         
0C
C
S =ε                                                       [3.8] 
with εS = 1 for vacuum, and εS > 1 for all dielectric media. 
 
Polarization (P) of a material can be expressed in terms of the dielectric displacement (D) 
of the material and the electric field strength (E) as follows: 
                                                      PED π4+=                                                 [3.9] 
where D can also be defined in terms of the static dielectric constant, 
                                                         ED sε=                                                    [3.10] 
 
3.3.2.2 Dynamic measurements 
 
The above equations are applicable for a time-independent or static electric field. 
However, when a viscoelastic material is subjected to an alternating electric field, there is 
a simultaneous fluctuation in the dielectric displacement or polarization response of the 
material such that it lags the applied electric field by a phase angle, δ. 
 
In complex notation, the time-dependent electric field [E(t)] and corresponding dielectric 
displacement [D(t)] can be expressed as: 
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                                                )exp()( 0 tiEtE ω=                                           [3.11(a)]     
                                              )(exp)( 0 δω −= tiDtD                                     [3.11(b)] 
Therefore, the complex dielectric constant (ε*) can be defined as: 
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where ε' is the real part of the complex dielectric constant, known as the dielectric 
constant or permittivity, ε''  is the dielectric loss and corresponds to the imaginary part of 
the complex dielectric constant, and tanδ is the dielectric loss factor or dissipation factor. 
 
3.3.2.3 Superposition principle 
 
In order to understand the frequency response of ε* and to relate it to the inherent 
dynamics of the material, it is imperative to develop appropriate phenomenological 
equations. The superposition principle expresses the instantaneous dielectric 
displacement D(t) as a sum of the displacements resulting from the incremental electric 
fields applied at all times for tx ≤ .67      
                              [3.13] ∫
∞−
−−+=
t
URU dxxtxEtEtD )()()()()( αεεε
 
                Instantaneous term                                          Summation term 
 
εR is the relaxed dielectric constant attained at very low frequencies where the polymer 
dipoles have sufficient time to align with the applied electric field; εU is the unrelaxed 
dielectric constant realized at the other end of the frequency spectrum, i.e., for 
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 frequencies approaching infinity where the dipolar molecules are unable to orient with 
the alternating field. The intensity of the measured dielectric response as a result of 
orientation polarization is given by the difference, ∆ε = εR - εU, termed  the dielectric 
relaxation intensity.97   
As a first (empirical) approach, the dielectric relaxation can be described by an 
exponential decay function, α(t), encompassing a single relaxation time (τ0), 
                                                      )/exp(
1)( 0
0
ττα tt −=                                  [3.14] 
Substituting equation [3.14] into the summation term of [3.13] and differentiating with 
respect to t gives: 
                                        )(
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RU εεττ +=+                   [3.15]  
Introducing equations [3.11(a)] and [3.11(b)] into [3.15] results in the Debye relation67 
for the complex dielectric constant as a function of frequency:   
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which when resolved into its real and imaginary components gives:  
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3.3.2.4 Description of non-Debye relaxation behavior 
 
Polymeric materials typically show a broad distribution of relaxation times considering 
their macromolecular nature and the physical constraints associated with chain motions. 
Hence, the relaxations are much broader as compared to a single relaxation time Debye 
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 response. The behavior is best captured using empirical equations with adjustable 
exponents based on modifications to the Debye equation. 
 
Cole-Cole modification 
 
The Cole-Cole model98 employs a “broadening” parameter (a) to encompass symmetric 
relaxations that are broader than those predicted by the Debye model. 
                                                 a
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U i )(1 0
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εεεε +
−+=                                    [3.17] 
Equation 3.17 can be resolved into its real and imaginary parts99 and plotted as dielectric 
constant or loss versus frequency for varying values of a (0 <  a  ≤ 1) (see Figure 3.10). 
The lower the value of a, the broader the relaxation. A value of a equal to unity 
corresponds to the Debye equation.  
 
Davidson-Cole Modification 
 
The Davidson-Cole100 model modifies the Debye equation through the introduction of a 
“skewing” parameter (b) to account for high frequency non-symmetric broadening of the 
dielectric loss data: 
                                                 b
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−+=                                      [3.18] 
The value of b varies from 0 to 1, with lower values of b indicating a higher degree of 
asymmetry; b = 1 corresponds to the Debye model. 
 
Havriliak-Negami model 
 
A widely used empirical equation is obtained by the combination of the above two 
models as proposed by Havriliak and Negami.42 The model incorporates both the 
“broadening” and “skewing” parameters and offers enough flexibility to describe the 
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 behavior of a majority of polymer systems, thereby providing insight into the nature of 
the relaxation time distribution: 
                                              ba
HN
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−+=                                 [2.10] 
Figure 3.11 shows Havriliak - Negami plots with  a = 0.5 and b ranging from 0 to 1. 
Here, τ0 corresponds to τHN, the single relaxation time predicted by the Havriliak-Negami 
model. The position of the loss maximum is given by the following relation: 
                                            
a
HNMAX
b
a
b
ab
1
)
22
sin(
)
22
sin(
⎥⎥
⎥
⎦
⎤
⎢⎢
⎢
⎣
⎡
+
+= π
π
ττ                                  [3.19]  
For a perfectly symmetric relaxation, b = 1 and HNMAX ττ = . 
 
3.3.3 Dielectric relaxation phenomena at high temperatures and low frequencies 
 
The dielectric response of a material at high temperatures and low frequencies is often 
dominated by conduction effects. The processes that contribute to the dielectric response 
under these conditions include the migration of mobile charge carriers across the medium 
and the trapping of charges at interfaces and boundaries. While the motion of charge 
carriers can increase the dielectric loss by several orders of magnitude, charge trapping 
influences both the dielectric constant and dielectric loss. This additional polarization is a 
result of (i) accumulation of charges at the electrode-sample interface termed “electrode 
polarization” and/or (ii) the separation of charges at internal phase boundaries referred to 
as Maxwell-Wagner-Sillars (MWS) polarization. MWS polarization is generally evident 
in non-homogenous materials like multiphase polymers, blends and colloids, and occurs 
across smaller size scales as compared to electrode polarization. In certain cases, this 
large scale polarization can mask the dielectric orientation response of the material.99  
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 3.3.4 Correlation of dielectric relaxation intensity with inherent material properties 
 
The dielectric relaxation intensity (∆ε = εR - εU) associated with a particular motional 
process can be used to elucidate the underlying characteristics of the material. Several 
equations have been proposed to correlate the dielectric response of a material with its 
composition and corresponding polarizability.101-103 A relatively general equation was 
proposed by Fröhlich,104 known as the Fröhlich-Onsager expression:   
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where: 
                                                    UR εεε −=∆                                          [3.20(b)] 
The Fröhlich theory gains its applicability for different material systems by inclusion of 
the Kirkwood correlation factor (g), which accounts for short-range orientation 
correlations between molecules. A value of g = 1 provides the dielectric relaxation 
intensity (∆ε) of an isotropic material with totally uncorrelated dipoles. However, in the 
case of a polymeric material, for example, the dipolar response is influenced by both 
intramolecular and intermolecular correlations that result in a value of g different than 
unity. g > 1 suggests an enhancement in the dipolar response relative to the isotropic case 
due to the alignment or correlation of the individual dipole moments, while g < 1 
indicates a system where the individual dipoles are correlated such that some degree of 
dipolar cancellation occurs, leading to a lower net response.       
 
3.3.5 Experimental configuration and procedure 
 
The Novocontrol Concept 40 Broadband Dielectric Spectrometer is state-of-art 
equipment with significant enhancements in cell design and analyzer controls. This has 
led to the possibility of probing the sample over a broad range of frequencies (10-3 to 107 
Hz) and temperatures (-150°C to 400°C) with outstanding accuracy and data processing 
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 capabilities. Measurements can be made either at discrete temperatures, or with a 
temperature ramp and concomitant sweeping through the entire range of frequencies. 
 
A schematic for the Concept 40 BDS instrument is shown in Figure 3.12. Liquid 
nitrogen, held in a dewar, is vaporized and used for controlling the sample temperature. 
The liquid N2 passes through a gas heating module which in turn is connected to the 
temperature controller that provides a precision of 0.1°C. The sample holder or cryostat is 
a double-walled metallic cylinder, with a high vacuum maintained in between the walls to 
isolate the sample and avoid external ice formation. The sample cell is placed inside the 
cryostat and consists of the electrode-coated sample sandwiched between two gold-plated 
electrodes to form a parallel-plate capacitor arrangement (see Figure 3.13). The 
temperature controller is connected through three channels to the dewar and sample cell, 
which completes the analyzer circuitry. The data are collected, stored and analyzed via a 
computer connected to the instrument.105 
 
The circuit used for the dielectric measurements is shown in Figure 3.13. An alternating 
voltage at a particular frequency is applied across the sample and the current generated is 
measured. The current typically lags the voltage by a phase angle δ and varies with the 
sample material and geometry. The complex notations of voltage and current amplitude 
can be shown as: 
                                                                                             [3.21] )(exp0
* tiUU ω=
                                                                                        [3.22]  )(exp0
* δω −= tiII
The applied voltage and measured current can be related to the complex capacitance of 
the sample (Cp*) through the following equation: 
                                               Sedgep CCU
IiC −−−= *
*
*
ω                               [3.23]     
where Cedge is the additional capacitance resulting from the electrical stray fields 
emanating from the borders of the sample capacitor, and Cs reflects the additional 
capacitance due to external factors such as the capacitance of electrode connection wires 
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 or that due to teflon spacers. Sample capacitance can be further related to the complex 
dielectric constant to evaluate the material properties at varying temperature and 
frequency as shown below: 
                                                     
0
*
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C
C
i p=−= εεε                                        [3.24] 
 where C0 is defined as the empty cell capacitance.  
 
 
3.3.5.1 Sample preparation and experimental technique 
 
Experiments were carried out on previously vacuum dried sample films with thickness in 
the range of 0.25 to 0.4 mm. A VEECO 7700 series thermal evaporator was used to 
evaporate concentric silver electrodes onto the polymer films to ensure good electrical 
contact. The samples were mounted on a mask and placed inside the thermal evaporator 
under vacuum; silver pellets were then evaporated from a heated tungsten filament to 
form 33 mm electrodes on either side of the polymer film. Quenched PTT films were 
coated using a silver paint, obtained from SPI Inc., West Chester (PA), to avoid exposure 
to elevated temperatures (and possible crystallization) during the thermal evaporation 
process. Typically, dielectric constant (ε') and loss (ε'') were measured from -150°C to 
150°C at discrete temperature intervals of 4°C over a frequency range of 0.1Hz – 1MHz.   
 
3.3.5.2 Data analysis 
 
The WINFIT® software package bundled with the spectrometer provided the tools for 
rigorous analysis of the experimental data. The glass and sub-glass relaxations were 
curve fit to the Havriliak-Negami model (equation 2.10) and the corresponding 
parameters were determined. The software resolves possible conduction contributions to 
the dielectric response by incorporating a conductivity term in the Havriliak-Negami 
equation, as shown: 
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where σ0 is the conductivity and ε0 is the vacuum permittivity. For ideal conduction 
(isotropic medium with no internal boundaries), N 1. 
 
3.4 DIFFERENTIAL SCANNING CALORIMETRY (DSC) 
 
3.4.1 Basic theory 
 
One of the most widely used methods to measure the energetic effects associated with 
phase transitions in polymers is Differential Scanning Calorimetry (DSC). Physical and 
chemical transformations in polymers such as crystallization, melting, glass transition and 
curing, which are typically associated with heat effects, are effectively captured in both a 
qualitative and quantitative manner by the DSC. The basic configuration of a modern 
DSC instrument106 is shown in Figure 3.15 and consists of two thermally insulated cells, 
one for the sample of interest and the other for the reference. The reference sample is 
chosen such that it remains stable within the experimental temperature range. The 
underlying principle of DSC involves the measurement of the difference in heat flow 
required to maintain both the sample and reference pans at the same temperature for the 
entire experiment. The temperature program of a conventional DSC is designed such that 
sample pan temperature increases linearly with time. This technique allows the 
identification of key physical transformations like melting, an endothermic event, which 
necessitates more heat flow to the sample cell in order to maintain the same temperature 
as the reference during heating. This phenomenon is shown in a typical DSC scan for a 
semicrystalline polymer with peak melting temperature at Tm in Figure 3.16. Similarly, 
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 we can distinguish the glass transition behavior as a step-wise change in the curve at Tg, 
and the exothermic crystallization event indicated by the downward peak at Tc. 
 
DSC is generally operated in a power-compensation mode which relies on two 
overlapping control loops. The first loop is designed to provide the same heat flow rate to 
both the sample and reference cells, while the second loop provides a differential power 
input to the sample cell such that temperature differences arising due to the various phase 
transitions are eliminated. The electrical nature of measurement allows conversion of heat 
flow into heat capacity or enthalpy completely independent of temperature.107             
 
3.4.2 Sample preparation and experimental technique 
 
A Perkin-Elmer DSC-7 Differential Scanning Calorimeter was employed to analyze PTT 
samples prepared with varying thermal histories. The sample, prepared by melt-pressing, 
was placed in the sample cell sealed inside an aluminum pan (~ 50 mm3 volume) and 
crimped with an aluminum lid, while an empty crimped pan was placed in the reference 
cell. The previously vacuum dried samples were used in the form of thin strips with a low 
sample mass of ~ 10 mg to ensure good thermal contact. An inert atmosphere of N2 was 
maintained in the overhead space above the cells. 
 
High-purity calibration standards, indium and zinc, were used to calibrate the measured 
heat flow and temperature of the calorimeter, while the heat capacity calibration was 
performed using a sapphire standard. A typical scanning rate of 10°C/min was employed 
for all the experiments. Empty pan (baseline) runs were performed and subtracted from 
the sample run to eliminate any slope or curvature effects introduced by the instrument or 
sample pans.  
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 3.4.3 Data Interpretation 
 
3.4.3.1 Heat capacity measurement 
 
The heat capacity was determined by calibration with a sapphire standard using the 
method described by Wunderlich.108 The method requires three separate runs; an empty 
pan baseline run, a sapphire calibration run, and a sample run to be performed under the 
same experimental conditions. The sample heat capacity can then be determined from the 
measured amplitudes of the respective runs using the following equation: 
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where ar, acal and as are the heat flow amplitudes of the empty pan, calibration and 
sample runs, respectively, while ms and mc are the respective masses of the sample and 
sapphire (calibrant) standard. Cpcal is the sapphire heat capacity obtained from 
literature.109 k is a proportionality constant and q is the experimental temperature scan 
rate.      
 
3.4.3.2 Estimation of glass transition temperature 
 
The glass to rubber transition is detected as a step change in the heat flow or the heat 
capacity (see Inset of Figure 3.16). In the case of a wholly amorphous polymer, the 
material transforms from a glassy solid to a rubbery liquid across the glass transition 
temperature (Tg). A similar glass-rubber relaxation is observed across Tg in the non-
crystalline regions of a semicrystalline polymer. Once the Cp (sample) is determined by 
the method described above, the glassy (solid) and the rubbery baselines are extrapolated 
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 (see Figure 3.16). Tg is then defined as the temperature at half the extrapolated 
incremental increase in Cp, and is obtained from the equation:                                  
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3.5 X-RAY DIFFRACTION (XRD) 
 
3.5.1 Basic theory 
 
X-ray diffraction is a widely used tool to elucidate the crystal structure in semicrystalline 
polymers. The pattern obtained from the elastic scattering of X-rays reveals the inherent 
atomic arrangement and morphology of the polymer. The crystalline regions of 
semicrystalline polymers have well-defined geometries that reflect a periodic three-
dimensional structure based upon a primary unit cell. 
Consider Figure 3.17, wherein atomic planes in the crystal are separated by a fixed 
distance, d, known as the plane spacing. The X-ray waves interact with the atoms to 
produce an interference pattern. For example, the rays scattered off of layer 2 travel 
further than those scattered from layer 1. Depending on the distance traveled by the X-ray 
before it is scattered, the resulting radiation can interfere either destructively (nullify each 
other) or constructively (increase in amplitude by addition of respective intensities). 
According to Bragg’s law, constructive interference is observed when d is such that the 
distance traveled by the X-ray is an integral multiple of the incident wavelength (λ). 
                                                      θλ sin2dn =                                             [3.28] 
This principle can be used to probe the sample at varied size scales ranging from 1Å (to 
measure atomic periodicity) to 2000Å (to investigate morphological variations). The 
technique used at small size scales (1Å-10Å) to determine the crystal unit structure, the 
degree of crystallinity, and the size and perfection of crystallites is termed Wide Angle 
X-ray Scattering (WAXS). The constructive diffraction peaks are shown in a typical 
WAXS plot for a semicrystalline polymer in Figure 3.18. The peak positions correspond 
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 to different characteristic spacings of the crystal planes given by Equation 3.28. The 
lattice or crystal planes can be identified and lattice geometry understood by employing 
the reciprocal nomenclature of Miller’s Indices.110 A halo pattern devoid of any peaks is 
obtained for polymers that can be quenched into a wholly amorphous state. The degree of 
crystallinity can then be evaluated based on the difference in area under the crystalline 
diffraction peaks relative to that of the amorphous halo (see Figure 3.17), with the 
assumption that the amorphous halo is consistent with the scattering pattern obtained 
from the amorphous regions in the semicrystalline polymer. 
 
3.5.2 Experimental technique 
 
Selected quenched and melt-crystallized PTT films were examined using a Siemens 5000 
diffractometer with Cu Kα radiation (λ = 1.5406Å). Data were recorded at room 
temperature across a range of scattering angles (2θ) from 5 to 50°; the scan rate was 2° 
min-1, with a data interval of 0.02°. 
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Figure 3.1: Chemical structures of diacrylate monomers used as crosslinkers. 
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Figure 3.2: Chemical structures of acrylate co-monomers. 
 
H2C CH
C O
O
CH2
CHCH3
O
CH3
2
H2C=CH
C=O
O
CH2
CH2
7
OH
CH3
8
CH2
CH2
O
C=O
2C=CH
O
 55  
  
 
Figure 3.3: Determination of shift factor, T, to generate modulus-frequency master 
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Figure 3.4: Modulus-frequency master curve obtained by time-temperature   
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Figure 3. ingle cantilever arrangement of a sample in the DMTA. 
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Figure 3.8: Representative dynamic mechanical (DMA) result for a polymeric material 
across the glass transition, plotted as a func on of temperature for varying frequencies; 
(a): Storage modulus (E'), (b): tan δ (loss factor). 
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Figure 3.9: Parallel-plate capacitor arrangement for a dielectric material of thickness d
placed in an electric field E. 
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igure 3.10: Cole – Cole model equations for dielectric constant (ε') and dielectric loss 
'') plotted versus ωτ0 on a semi-logarithmic plot (see Equation 3.17). Broadening 
arameter (a) = 1 gives the Debye model. For this example, εU  = 3, εR = 8 and a = 0.2, 
.4, 0.6, 0.8 and 1.   
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Figure 3.11: Havriliak – Negami model equations for dielectric constant (ε') and 
dielectric loss (ε'') plotted versus ωτ0 on a semi-logarithmic plot (see Equation 2.10). 
Broadening parameter (a) = 0.5. Skewing parameter (b) = 1 gives the Cole-Cole model. 
For this example, εU  = 3, εR = 8 and b = 0.2, 0.4, 0.6, 0.8 and 1.    
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oncept 40 BDS sample cell arrangement. 
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igure 3.15: Perkin-Elmer DSC-7 Differential Scanning Calorimeter. Inset: Detailed 
iew of a sample/reference cell.106
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Figure 3.16: Typical DSC scan for a semicrystalline polymer. Inset: Expanded view of 
glass-rubber transition and estimation of Tg. 
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Figure 3.18: Typical WAXS pattern for a semicrystalline polymer plotted as intensity 
versus scattering angle (2θ). 
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 Chapter Four 
Segmental Relaxation Characteristics of Crosslinked Poly(ethylene glycol) 
Networks: A Dynamic Mechanical Study 
 
 
This chapter is based on work published as:  
 
(i) S. Kalakkunnath, D.S. Kalika, H. Lin, B.D. Freeman, “Segmental Relaxation 
Characteristics of Crosslinked Poly(ethylene oxide) Copolymer Networks”, 
Macromolecules, 38(23), 9679-9687 (2005). Copyright 2005 American Chemical 
Society.  
 
(ii) S. Kalakkunnath, D.S. Kalika, H. Lin, B.D. Freeman, “Viscoelastic Characteristics of 
UV Polymerized Poly(ethylene glycol) Diacrylate Networks with Varying Extents of 
Crosslinking”, Journal of Polymer Science Part B: Polymer Physics, 44(15), 2058-2070 
(2006). Copyright 2006 Wiley Periodicals, Inc. 
 
(iii) R.D. Raharjo, H. Lin, D.F. Sanders, B.D. Freeman, S. Kalakkunnath, D.S. Kalika, 
“Relation Between Network Structure and Gas Transport in Poly(propylene glycol 
diacrylate)”, Journal of Membrane Science, 283(1-2), 253-265 (2006). Copyright 2006 
Elsevier Ltd.  
 
 
4.1 INTRODUCTION 
 mixtures containing light gases is a process 
 and there is growing interest in the implementation of 
membrane technologies to achieve such se ber of applications; e.g.,  
the separation of CO2 from hydrogen upon steam reforming of hydrocarbons, or the 
removal of CO2 from C y of these applications, 
embrane materials with high CO2 permeability and high CO2/light gas selectivity are 
 
The selective removal of carbon dioxide from
of immense industrial importance,
parations for a num
H4 for natural gas purification.111 For man
m
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 desired, so that the CO2 will permeate to the low pressure side of the membrane, while 
the light gas component is retained at or near the feed pressure for subsequent transport 
 selectivity. The quadrupolar character of CO2 can be 
xploited in this regard, since CO2 will tend to interact favorably with polar groups 
resent in the membrane.12 A recent review of potential CO2 interactions has shown ether 
lar groups for the achievement of favorable 
otential to deliver the desired separation properties both in terms 
f overall CO2 permeability, as well as the purity of the resulting product streams. 
allize, and the presence of a significant 
rystalline fraction reduces permeability in these materials to non-viable levels for 
he possibility of preparing wholly amorphous networks with high ethylene 
xide content suggests a number of potential membrane architectures that could be 
um CO2 permeability and selectivity characteristics. 
and use.  One method to achieve membranes with high CO2 permeability and favorable 
overall CO2 selectivity is to select and/or tailor materials with high CO2 solubility and 
high CO2/light gas solubility
e
p
oxygens to be amongst the most promising po
CO2 solubility and solubility selectivity.18 The formulation of rubbery polymeric 
materials incorporating high levels of the flexible ether oxygen moieties should lead to 
membranes with strong CO2 solubility, as well as high diffusivity. The net result would 
be membranes with the p
o
 
Poly(ethylene oxide) [PEO; −(−OCH2CH2−)n−] has been identified as an effective 
membrane material for the selective separation of quadrupolar-nonpolar gas pairs.17  
However, PEO has a strong tendency to cryst
c
industrial separations. One approach to inhibit crystallization in PEO is the introduction 
of chemical crosslinks. By limiting the number of ethylene oxide segments (n) between 
crosslink junctions to about 20 or less, fully amorphous crosslinked networks can be 
obtained.19,20 T
o
designed to achieve optim
 
The strategic formulation of gas separation membranes based on PEO networks with high 
CO2 permeability as well as high CO2/light gas selectivity requires a fundamental 
understanding of the relationships between gas transport and the static and dynamic 
characteristics of the membrane material. In this work, various series of crosslinked 
polyethylene oxide networks prepared by ultraviolet (UV) photopolymerization of 
poly(ethylene glycol) diacrylate [PEGDA] (structure shown in Figure 2.1(a)) have been 
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 characterized by dynamic mechanical analysis with a focus on assessing how systematic 
changes in crosslink density affect the physical and gas transport characteristics of the 
membranes. For the first series of networks, the distance between crosslinks was varied 
by the photopolymerization of commercial PEG diacrylates with different values of the 
repeat unit length (n); the range of n values was limited so that only amorphous networks 
were obtained. For the second series of networks, the crosslink density was 
systematically varied by changing the concentration of prepolymer in the reaction 
mixture (see Figure 2.3).21-23 The introduction of water into the reaction mixture leads to 
a decrease in effective crosslink density, as lower prepolymer concentration increases the 
probability of intramolecular cyclization or loop formation.23 The resulting loops, which 
do not contribute to the elastic character of the network, are typically associated with 
wasted crosslinks. Nonetheless, these crosslinks are effective in suppressing 
crystallization for the PEG networks. By changing the concentration of prepolymer in the 
action mixture, it is possible to prepare a series of amorphous networks with identical 
 constant 
thylene oxide (EO) content in the networks (~ 82 wt% EO). As a result, any measured 
re
chemical composition, but varying effective crosslink density. 
 
In addition to the materials described above, model networks with varying crosslink 
density were prepared by copolymerizing PEGDA with either poly(ethylene glycol) 
methyl ether acrylate [PEGMEA], or poly(ethylene glycol) acrylate [PEGA] (see 
chemical structures in Figure 2.2(a)). The inclusion of mono-functional acrylate in the 
reaction mixture leads to the introduction of fixed-length pendant groups in the resulting 
crosslinked network, as well as an increase in the distance between crosslinks, as 
illustrated in Figure 2.2(b). For this study, the molecular weights of the acrylates 
(PEGMEA and PEGA) were selected so as to maintain an approximately
e
changes in gas transport properties can be attributed to structural variations: i.e., changes 
in the crosslink density, as well as the nature of the pendant chain end. The key difference 
between the two copolymer series is the end group associated with the acrylate species: 
−OCH3 (PEGMEA) versus −OH (PEGA). 
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 Different strategies have been employed for the further optimization of these networks; 
for example, variation in the chain length of acrylate monomer and/or variation in the 
crosslinker backbone structure. A series of networks have been prepared by 
copolymerizing PEGDA with diethylene glycol ethyl ether acrylate [DGEEA] (see 
structure in Figure 3.1(b)), with a repeat unit length n = 2, in order to assess the influence 
of short pendant groups on the overall physical properties. Further, the basic nature of the 
network was varied by copolymerizing the crosslinker, poly(propylene glycol) diacrylate 
[PPGDA], with poly(propylene glycol) methyl ether acrylate [PPGMEA], where both 
monomers have a propylene oxide (PO) repeat unit (see Figures 3.1 (a) and (b)). This led 
to networks with more inherent free volume and varying chemical composition. 
Alternatively, networks have been prepared by copolymerization of a rigid crosslinker, 
bisphenol A ethoxylate diacrylate [BPAEDA], with PEGMEA and PEGA (see Figure 3.1 
(a)). BPAEDA was used as a crosslinker in an effort to increase the mechanical integrity 
of the resulting networks. Finally, a new generation of PEGDA-based membranes, filled 
with nanoscale MgO particles, has been examined in anticipation of possible 
nhancements in bulk gas transport properties.  
 to the crosslink junctions. For the copolymer 
etworks, the dynamic relaxation characteristics will be influenced not only by changes 
in crosslink density, but also by the presence of non-reactive oligomeric pendant groups 
e
 
Dynamic thermal analysis techniques, such as dynamic mechanical analysis, can be used 
to investigate the segmental relaxation characteristics of crosslinked networks across a 
wide range of temperature and timescale.24-27 In polymeric networks, the presence of the 
crosslinks results in a restriction of segmental mobility in the vicinity of the crosslink 
junctions. This restriction, which reduces the conformational freedom of the chains, is 
manifested by an increase in the measured glass transition temperature with increasing 
crosslink density. The positive offset in Tg is most pronounced at high crosslink densities, 
where the average distance between crosslinks approaches the length scale characteristic 
of the local segmental dynamics.30 In addition to the offset in Tg, inhomogeneous 
broadening of the glass-rubber relaxation is observed with increasing crosslink density. 
This broadening reflects the range of local environments experienced by the relaxing 
segments and their corresponding proximity
n
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 in the network.24 Further, an increase in intermolecular cooperativity is typically 
encountered at higher degrees of crosslinking, with greater time-temperature sensitivity 
and correspondingly larger apparent activation energies associated with the relaxation 
process.112,113 Such behavior has been shown to increase the “fragility” of the network 
with increased crosslinking.43,44,114  
   
In this chapter, dynamic mechanical analysis was employed as a means to measure the 
relaxation characteristics and the bulk mechanical properties (i.e., modulus) for the 
different series of crosslinked networks described above. By application of time-
temperature superposition methods,38 it was possible to establish modulus-frequency 
master curves over the entire range of the glass-rubber relaxation (12-16 decades in 
frequency), and the resulting curves could be satisfactorily described by the Kohlrausch-
Williams-Watts [KWW] stretched exponential function.39 The construction of fragility 
plots was used to assess changes in intermolecular cooperativity with varying network 
structure.43,44 The characteristics of the networks were subsequently related to their gas 
transport properties.           
 
4.2 EXPERIMENTAL 
 
4.2.1 Materials 
 
Poly(ethylene glycol) diacrylate [PEGDA: Mol.Wt. = 258, 575, and 700 g/mol], 
poly(propylene glycol) diacrylate [PPGDA: Mol.Wt. = 900 g/mol], bisphenol A 
ethoxylate diacrylate [BPAEDA: Mol.Wt. = 688 g/mol], poly(ethylene glycol) methyl 
ether acrylate [PEGMEA: Mol.Wt. = 460 g/mol], poly(ethylene glycol) acrylate [PEGA: 
Mol.Wt. = 380 g/mol], di(ethylene glycol) ethyl ether acrylate [DGEEA: Mol.Wt. = 188 
g/mol] and poly(propylene glycol) methyl ether acrylate [PPGMEA: Mol.Wt. = 202 
g/mol] were purchased from Aldrich Chemical Company (Milwaukee, WI); the nominal 
molecular weights provided by the supplier are as indicated. 1-hydroxylcyclohexyl 
phenyl ketone [HCPK] initiator was also purchased from Aldrich. All reagents were used 
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 as received. The inorganic MgO nanoparticles (nominal diameter: 2.5nm, specific surface 
area: 640 m2/g) were obtained from NanoScale Materials, Inc. (Manhattan, KS). 
 
Proton nuclear magnetic resonance (1H NMR) and fast atom bombardment mass 
spectrometry (FAB-MS) were used to verify the molecular weight of the prepolymers; all 
 NMR and FAB-MS measurements were completed at the University of Texas at 
ere prepared by adding 0.1 wt.% initiator (HCPK) to the 
ppropriate diacrylate-acrylate liquid blend of required concentration. For the PEGDA-
known amount of ultrapure water was added to the prepolymer mixture 
 achieve the target composition. After stirring, each solution was sonicated for 10 
a Soxhlet extraction system. Virtually no measurable weight change was observed in the 
1H
Austin. For PEGDA with the highest molecular weight, 1H NMR indicated a value of 743 
g/mole, which corresponds to a monomeric repeat value of n ~ 14. For the other 
monomers, the measured values were: PPGDA (n=12), BPAEDA (n=4), PEGMEA 
(n=8), PEGA (n=7), DGEEA (n=2) and PPGMEA (n=2), respectively. In addition, FAB-
MS measurements indicated a narrow distribution of molecular weight in all cases 
(polydispersity index < 1.10). The molecular weights were in good agreement with the 
values reported by the supplier; additional experimental details have been reported 
previously.115  
 
4.2.2 Polymer preparation 
 
Prepolymer solutions w
a
water system, a 
to
minutes to eliminate bubbles (Ultrasonic cleaner, Model FS60, Fisher Scientific, 
Pittsburg, PA). The solution was sandwiched between two quartz plates, which were 
separated by spacers to control film thickness. The dimensions of the spacers were varied 
in order to obtain consistent thickness in the final (dried) polymer films. The solution was 
polymerized by exposure to 312 nm UV light in a UV Crosslinker (Model FB-UVXL-
1000, Fisher Scientific) for 90 seconds at 3 mW/cm2. The solid films obtained by this 
process were three dimensional networks and contained a negligible amount of low 
molecular weight polymer (i.e., sol) that was not bound to the network. After 
polymerization, the PEGDA- and PPGDA-based samples were extracted using toluene in 
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 films before and after extraction, confirming that essentially no unbound sol was present 
in the as-polymerized networks. For the remaining network systems, immersion in a large 
mount of ultrapure water was found to be sufficient to remove the low molecular weight 
.2.3 Dynamic Mechanical Analysis 
ynamic mechanical thermal analysis was performed using a Polymer Laboratories 
a
sol, if present. The PEGDA nanocomposite membranes were prepared by inclusion of 
appropriate amounts of MgO particles in the prepolymer reaction mixture, followed by 
UV photopolymerization as described above.      
   
Attenuated total reflection Fourier transform infrared spectroscopy (FTIR-ATR) was 
used to determine the conversion of acrylate groups in the films (see ref. 115 for 
experimental details). The disappearance of acrylate double bonds due to polymerization 
leads to the decrease of sharp peaks at 810 cm-1 (ascribed to the twisting vibration of the 
acrylic CH2=CH bond),116 at 1410 cm-1 (deformation of the CH2=CH bond)117,118 and at 
1190 cm-1 (acrylic C=O bond).117   
 
4
 
D
DMTA operating in single cantilever bending geometry. The dried polymer films had a 
thickness of 0.8-1.0 mm and were held under vacuum at room temperature prior to 
measurement. Storage modulus (E′) and loss tangent (tanδ) were recorded at a heating 
rate of 1°C/min with test frequencies in the range of 0.1 to 10 Hz; all measurements were 
carried out under inert (N2) atmosphere. Dynamic mechanical transition temperatures 
were established according to the peak in tanδ at 1 Hz; based on the heating and data 
collection rates inherent to the dynamic mechanical measurements, the precision 
associated with the peak temperatures was ± 1°C. 
 
4.2.4 Permeation and Sorption measurements 
 
CO2 pure gas permeability in the solid polymer networks was measured using a constant-
volume, variable pressure apparatus.115 Gas solubility was determined using a dual-
volume, dual-transducer unit based on the barometric, pressure-decay method. CO2 
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 diffusion coefficients at infinite dilution were calculated based on the measured values of 
permeability and solubility, as discussed in ref. 115. All transport measurements reported 
herein were conducted at the University of Texas at Austin. 
 
4.3 RESULTS AND DISCUSSION 
 
4.3.1 Dynamic Mechanical Analysis 
FAB-MS studies described above, these networks 
orresponded to crosslinked PEGDA with nominal n values of 3, 10, and 14, 
ion of acrylate groups was achieved, as 
erified by the complete disappearance of the characteristic acrylate peaks in the 
or the networks prepared using the n=10 
nd n=14 PEGDA monomers. For the network based on the n=3 PEGDA monomer, 
 
4.3.1.1 Networks based on variation in PEGDA molecular weight 
 
Three amorphous networks were prepared via the UV polymerization of 100% PEGDA 
with varying molecular weight. Based on the molecular weight values reported by the 
supplier, and the 1H NMR and 
c
respectively.   
 
Polymerization of acrylate monomers using ultraviolet radiation is a well-established 
technology. Acrylate double bonds exhibit high reactivity, with rapid conversion of the 
acrylate groups under typical polymerization conditions.119 A full discussion of the UV 
polymerization of PEGDA and the corresponding reaction parameters selected for this 
work (i.e., choice and amount of initiator, reaction time) is presented in ref. 115. 
 
FTIR-ATR was used to probe the amount of unreacted acrylate groups in the resulting 
polymer networks. For those networks that remained rubbery throughout the 
polymerization reaction, essentially 100% convers
v
corresponding IR spectra.115 This was the case f
a
however, crosslinking leads to a glassy material at room temperature, with FTIR-ATR 
indicating a small amount of unreacted acrylate groups in the resulting films. Figure 4.1 
compares spectra from the liquid PEGDA (n=3) with spectra taken from both sides of the 
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 crosslinked polymer film; the carbonyl (C=O) band at 1725 cm-1 was used as a reference 
to facilitate comparison of the spectra.  Examination of the characteristic peaks at 810, 
1190, and 1410 cm-1 verifies that residual acrylate groups are present in the network, 
ost likely as dangling chain ends.  In addition, there appears to be a modest dependence 
iginally positioned closer to the UV source (labeled 
top” in Figure 4.1) showing a higher extent of acrylate conversion. Conversion estimates 
m-1 peak indicate an overall conversion of ~95% at 
e top surface, and ~88% at the bottom surface (film thickness of 1.0 mm). 
he presence of unreacted acrylate groups (and possibly trapped radicals) in the networks 
entionally conducted at a temperature above the glass transition, led to 
dditional acrylate conversion, especially at the bottom surface of the film. The overall 
.1 to 10 
z. The data show a clear, step-wise decrease in modulus centered at −35°C that 
m
on film depth, with the film surface or
“
based on the relative area of the 810 c
th
 
T
suggests the possibility of additional reactions occurring upon heating of the crosslinked 
polymer films during thermal analysis studies.26 To assess the effect of higher 
temperature exposure, the crosslinked PEGDA film (n=3) was annealed under vacuum at 
100°C for one hour; the resulting IR spectra are shown in Figure 4.1. The annealing, 
which was int
a
acrylate conversion for the annealed film was estimated to be 95 to 97%.  
 
Dynamic mechanical results over the entire temperature range studied (−120°C to 20°C) 
are presented for the 100% PEGDA (n=14) network in Figure 4.2. Storage modulus and 
tanδ are plotted isochronally for five measurement frequencies ranging from 0
H
corresponds to the glass-rubber relaxation in these fully crosslinked networks. The drop 
in modulus is accompanied by a narrow peak in tanδ which shifts to higher temperatures 
with increasing frequency (i.e., decreasing experimental timescale). The nominal glass 
transition temperature, Tα, is defined here as corresponding to the peak in tanδ at a 
frequency of 1 Hz.  For 100% PEGDA, Tα = −35°C. Figure 4.3 compares the 1 Hz 
dynamic mechanical data for the three (n = 3, 10, 14) PEGDA networks. For the n=10 
and n=14 networks, a sharp step-change in storage modulus (E′) is evident in the vicinity 
of the glass-rubber relaxation; the transition is considerably broadened for the n=3 
 80  
 material with a shift observed in Tα to higher temperatures with decreasing PEGDA 
molecular weight (i.e., decreasing segmental length between crosslinks). 
 
The dynamic mechanical transition temperatures for the networks are reported in Table 
4.1.  The strong positive offset in Tα, as well as the observed broadening of the glass 
transition, indicates that the distance between crosslinks for these samples is sufficiently 
short so as to approach the length scale associated with segmental relaxation. The 
presence of the crosslinks leads to local constraint of those segments positioned closest to 
e network junctions, and the degree to which the segmental motion is hindered will 
re 4.4 shows a 
lot of T/ER versus n for the three PEGDA networks. The values of ER were determined 
relaxations occurring along these segments even at very high crosslink densities.  
th
vary with varying distance from the crosslink site. The net result is an inhomogeneous 
broadening of the relaxation in the temperature or frequency domain, and a shift of the 
relaxation to higher temperatures. 
 
Classical rubber elasticity theory is often used to relate the measured mechanical modulus 
in the rubbery plateau region to the effective crosslink density.35-37 Theory predicts that 
the molecular weight between crosslinks should correlate with the ratio T/ER, where T is 
absolute temperature and ER is the corresponding rubbery modulus.27 Figu
p
by the construction of time-temperature master curves for each network in the vicinity of 
its corresponding glass transition (see discussion of time-temperature superposition, 
below). Figure 4.4 reveals a direct correlation between the measured rubbery modulus 
(expressed as T/ER) and the nominal distance between crosslinks, as established by the 
molecular weight of the PEGDA prepolymer.   
 
Dynamic mechanical results in the sub-glass region are provided as plots of tanδ versus 
temperature in Figure 4.5 (10 Hz). For the highly crosslinked n=3 network, two distinct 
sub-glass relaxations are evident, labeled β1 and β2, respectively, with increasing 
temperature. Sub-glass relaxations in polymers typically reflect highly-localized 
processes such as side-group rotations, or limited in-chain motions.67 Given the relatively 
smooth, flexible character of the PEG segments, it is not difficult to envision local 
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 Mechanical and dielectric studies of crystalline PEO indicate two relaxations that 
originate in the amorphous regions of the polymer:67 a cooperative process corresponding 
 the glass transition, and a non-cooperative process corresponding to local twisting 
flecting more constrained motions occurring closer to 
e crosslink points. 
1
unctions. Also, the position of the β1 
laxation for the n=14 network may simply lie outside the accessible temperature range 
to
along the PEO segments (γ relaxation).120 Recently, Runt and co-workers have reported 
dielectric results wherein two sub-glass (γ) relaxations were observed for PEO, and these 
relaxations were attributed to local mode motions occurring (i) along amorphous PEO 
segments well-removed from the crystal surface, and (ii) within more constrained PEO 
segments, located closer to the crystal-amorphous interface (i.e., order-disorder transition 
region).121  Based on this finding, two distinct topological origins can similarly be 
inferred for the two sub-glass relaxations observed in the n=3 network, with the β1 
relaxation corresponding to localized motions occurring farther from the crosslink 
junctions, and the β2 relaxation re
th
 
Dynamic mechanical scans for the n=10 and n=14 networks do not display a clear, dual-
relaxation behavior in the sub-glass region. For the n=10 network, there is an indication 
of a very shallow lower temperature relaxation centered at about − 10°C, while for the 
n=14 network, only a single sub-glass relaxation is observed. However, broadband 
dielectric studies on these networks show two distinct sub-glass relaxations (details in 
Chapter 5). The failure to observe two sub-glass mechanical relaxations in these samples 
may be due to the localized, non-cooperative character of the ethylene oxide motions, 
which have only a very weak influence on the bulk mechanical response of the material 
when originating away from the crosslink j
re
of our dynamic mechanical instrument (i.e., below −120°C). The tanδ peak temperatures 
for the sub-glass relaxations are reported in Table 4.1; the β2 transition is offset to 
progressively higher temperatures with increasing crosslink density.  
 
Time-temperature superposition was used to construct modulus-frequency master curves 
in the vicinity of the glass transition.38 A representative result for the n=14 network is 
provided in Figure 4.6; the inset shows the shift factor (aT) as a function of temperature.  
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 The glass-rubber relaxation can be described using the Kohlrausch-Williams-Watts 
(KWW) “stretched exponential” relaxation time distribution function:  
 
[2.9] 
 
where τo is the observed relaxation time and β is the distribution parameter. β ranges in 
value from 0 to 1, with values close to unity corresponding to a narrow, single relaxation 
time (i.e., Debye) response. Lower values of β reflect increased intermolecular coupling, 
as well as inhomogeneous relaxation broadening owing to the presence of crosslinks.29 
Series approximations reported by Williams et al. express modulus and loss for the 
KWW model in the frequency domain, and these equations were used as the basis for the 
curve fits reported here.39 The KWW modulus curve for PEGDA (n=14) is included in 
Figure 4.6, with a cor
])/(exp[)( βτφ ott −=
responding value of the distribution parameter, β = 0.30. 
he WLF relation at 
wer temperatures (higher values of 1/T) is consistent with behavior reported for other 
 
Modulus master curves for all three PEGDA networks are shown in Figure 4.7. The data 
are presented as modulus versus ωaT, where ω is the applied test frequency (ω = 2πf, 
with f expressed in Hz) and aT is the shift factor. Since each master curve was constructed 
using a different reference temperature, the data were shifted along the horizontal axis 
based on their respective relaxation time, τo. Specifically, modulus is plotted versus 
ωaT/ωo, where ωo = 1/τo. Figure 4.7 clearly shows the increase in relaxation breadth 
encountered with increasing crosslink density for the PEGDA samples, with the KWW 
distribution parameter varying from 0.30 (n=14) to 0.11 (n=3).   
 
The time-temperature shift factor for each network is plotted versus reciprocal 
temperature (i.e., Arrhenius plot) in Figure 4.8. For all three networks, those data 
corresponding to temperatures T > Tg could be satisfactorily fit to the Williams-Landel-
Ferry (WLF) equation.38 The observed deviation of the data from t
lo
networks (e.g., crosslinked poly(methyl methacrylate)), and correlates with the transition 
of the material into the glassy state.25 The deviation of the shift factor near Tg results in a 
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 relative maximum in the apparent activation energy, which is reflected in the local slope 
of the data.   
 
4.3.1.2 PEGDA networks prepared with varying initial amounts of prepolymer
 
vident in the progressive decrease in ER (rubbery plateau modulus) with increasing water 
 
r relaxation temperature 
α) is observed with varying reaction mixture composition (Tα = −34°C; see Table 4.2). 
satisfactory KWW fits are obtained across the entire frequency range of the relaxation, 
 
 
PEGDA (n=14) networks were prepared with varying proportions of prepolymer and 
ultrapure water in the reaction mixture in order to produce chemically-identical 
crosslinked materials with systematic variation in the effective crosslink density.22,23 The 
materials remained fully rubbery throughout the reaction process and subsequent drying, 
such that there was no network collapse during the drying process. Modulus versus 
temperature curves for the networks are shown in Figure 4.9. As discussed earlier, it was 
anticipated that a reduction in the concentration of prepolymer would lead to increased 
loop formation (i.e., wasted crosslinks) and a lower effective crosslink density. This is
e
content in the reaction mixture, suggesting that from an elastic response standpoint, a 
much looser network is obtained at lower prepolymer concentrations. The results are 
consistent with equilibrium water swelling measurements for these same networks, which 
indicate a progressive decrease in the calculated crosslink density with decreasing 
PEGDA content in the reaction mixture.115 
Although a systematic variation in effective crosslink density is indicated for the 
PEGDA/water networks, virtually no change in the glass-rubbe
(T
The invariance of Tα suggests that the segmental motions associated with the glass 
transition occur over a length scale such that the observed relaxation time is minimally 
affected by the underlying structural changes in the network brought about by lowering 
the prepolymer concentration. However, the observed decrease in effective crosslink 
density does lead to a narrowing of the glass-rubber relaxation process. Figure 4.10 
shows the time-temperature master curves for the PEGDA/water samples, along with the 
corresponding KWW curve fits. For the 80/20 and 50/50 PEGDA/water networks, 
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 with corresponding values of the distribution parameter (β) equal to 0.37 and 0.39, 
respectively. For the 20/80 PEGDA/water network, the KWW function can only be fit at 
latively high frequencies, with a corresponding value of β = 0.47. The progressive 
 transition 
r these networks, the loosening of the elastic constraints leading to a more homogenous 
m trically. 
re
increase in β (re: Table 4.2) is consistent with an overall narrowing of the glass
fo
segmental relaxation environment.      
 
One method by which to assess changes in the character of the segmental relaxation in 
these networks is via the construction of fragility or cooperativity plots, normalized, 
semi-logarithmic Arrhenius plots of shift factor [log(aT)] versus Tα/T in the vicinity of 
the glass transition.29,43 Figure 4.11 shows the cooperativity curves for the PEGDA/water 
networks, with the solid lines corresponding to WLF fits to the data. The curves show a 
decrease in slope (i.e., decreasing temperature sensitivity) at lower effective crosslink 
density. This behavior suggests a corresponding reduction in the intermolecular 
cooperativity inherent to the glass transition as the networks become more open, with less 
overall segmental constraint. The results obtained for the PEGDA/water (diluent) series 
are largely consistent with previous studies on polymeric networks (e.g., 
poly(vinylethylene),29,113 poly(dimethylsiloxane),30 poly(methyl methacrylate)25) wherein 
crosslink density was controlled stoichio e
 
The sensitivity of the glass-rubber relaxation time (or corresponding shift factor) to 
temperature can be interpreted in terms of the dynamic fragility of the material.  
Materials that display strong degradation of structure with temperature (i.e., high 
temperature sensitivity) are designated as “fragile” liquids, and their relaxation typically 
reflects a high degree of intermolecular coupling. Polymers with compact, flexible 
backbones that lack pendant groups tend to experience less intermolecular constraint, and 
as a result display lower fragility.44 This would presumably be the case with the ethylene 
oxide segments that comprise the PEGDA network. The fragility (or steepness) index, m, 
can be determined based on the slope of each cooperativity curve evaluated at T = TREF 
according to the following expression: 
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           [2.11] 
 
where aT = τ /τREF. 
The value of m depends upon the definition of TREF: for the glass transition, the 
convention has been to assign TREF suc
REFREF TT
T
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REFREF
h that the corresponding relaxation time, τ(TREF) = 
00 seconds. Values of the fragility index determined on this basis range from m = 16 
EF is assigned to the same relaxation 
e. 
k series studied here, demonstrating an apparent 
1
(strong limit) to m ≥ 200 (fragile limit);122 tabulations of dynamic and thermodynamic 
fragility have been reported in the literature for a variety of polymers and small molecule 
glass formers.114,122,123 The value of m can be related to the apparent activation energy 
(EA) evaluated at TREF: 
           [2.12] 
 
where R is the gas constant. For the data reported here, the convention TREF = Tα (peak 
temperature at 1 Hz) has been adopted, which is appropriate given the range of 
experimental frequencies used in the measurements. In this context, the value of m should 
be considered a relative quantity: direct comparisons of the fragility index with other 
values reported in the literature are valid only if TR
REF
REFA
RT
TEm
303.2
)(=
tim
 
For the 100% PEGDA network (n=14), the data presented in Figure 4.11 indicate a value 
of m = 78. As the effective crosslink density is reduced, the fragility index is observed to 
decrease. Values of m for the PEGDA/water series of networks were calculated to be 72 
(80/20 PEGDA/water), 66 (50/50) and 49 (20/80), respectively. The corresponding 
values of EA, evaluated at Tα, are reported in Table 4.2. For a wide range of materials, an 
inverse relationship has been reported between the KWW distribution parameter (β) and 
the fragility index (m).122 That is, an increase in the overall breadth of the relaxation 
(decreasing value of β) tends to correlate with an increase in fragility. This behavior is 
observed for the PEGDA/water networ
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 linkage between the degree of non-exponentiality as encompassed in equation 2.9, and 
le la
stic characteristics of the PEGDA/water networks, wherein effective 
ity as evident in the rubbery modulus, as well as in water swelling 
 to indicate that for networks based on the 
er, the distance between crosslink junctions is such that any reduction in local 
constraint brought about by the presence of the diluent during crosslinking would not be 
 the series (see Table 4.2).115 As a result, the PEGDA/water networks present an 
xceptional opportunity to investigate the influence of network structure on gas transport 
PEGMEA). The data show a progressive decrease in the glass-rubber relaxation 
the extent of intermo cu r cooperativity.  
 
The overall viscoela
crosslink density was changed by the introduction of varying amounts of water in the 
reaction mixture, are comparable to those reported for other network series prepared with 
controlled crosslink density. In general, higher levels of crosslinking lead to broader 
relaxations, evidence of greater intermolecular cooperativity, and, at the highest crosslink 
densities, a positive offset in glass transition temperature. For the networks prepared 
using PEGDA with n=14, no variation in Tα was observed, despite the clear changes in 
effective crosslink dens
measurements. This outcome would seem n=14 
prepolym
manifested by a change in the glass transition temperature. Typically, variations in the 
measured glass transition temperature can be correlated with changes in the fractional 
free volume (FFV), and for the PEGDA/water series, the invariance of Tα would imply a 
constant FFV.18 Independent determinations of FFV in the networks via density 
measurements are consistent with this expectation, and show relatively little variation 
across
e
properties independent of changes in network composition or fractional free volume (see 
discussion of gas transport properties in Section 4.3.2). 
 
4.3.1.3 PEGDA networks prepared with varying amounts of acrylate monomer 
 
Dynamic mechanical results for the PEGDA/PEGMEA series of copolymers (1 Hz) are 
presented in Figure 4.12. For the various copolymer samples studied, the ratio of 
PEGDA to PEGMEA in the initial reaction mixture is indicated on a weight basis (e.g., 
80/20 PEGDA/PEGMEA corresponds to a network based on 80 wt% PEGDA, 20 wt% 
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 temperature with PEGMEA content, as both the step change in E′ and peak in tanδ are 
shifted to the left with increasing PEGMEA. The Tα values for the series are reported in 
able 4.3, as well as glass transition temperatures (Tg) determined by DSC.124 The Tα and 
ed on these copolymers, which 
owed cold crystallization exotherms for copolymers containing high levels of 
α
T
Tg values show good overall correspondence. The small, consistent difference between Tα 
and Tg (~ 5°C) reflects the inherent difference in experimental timescale for the dynamic 
mechanical (1 Hz) and DSC measurements.       
 
The introduction of an increasing amount of PEGMEA in the reaction mixture leads to a 
corresponding decrease in the crosslink density of the network. This decrease in crosslink 
density is manifested by a decrease in the storage modulus in the rubbery plateau region 
(ER). For the 30/70 PEGDA/PEGMEA sample, the crosslink density is insufficient to 
fully suppress PEO crystallization in the network. This is evident in the modulus-
temperature curve for the 30/70 specimen, which shows an increase in E′ just above the 
glass transition that appears to correspond to the onset of cold crystallization. For the 
dynamic mechanical measurements, the samples were mounted in the dynamic 
mechanical thermal analyzer at room temperature, and then cooled rapidly to the start 
temperature of −120°C (effective cooling rate of −15°C/min). Given the relatively rapid 
cooling rate, it is likely that the sample initially contained little or no crystallinity. The 
subsequent dynamic mechanical heating scan was conducted at a much slower rate (+ 
1°C/min), allowing the sample ample time to crystallize in-situ upon passing the glass 
transition, followed eventually by the onset of melting at −20°C. The room temperature 
modulus then corresponds to a fully amorphous, rubbery material. The observed behavior 
is consistent with DSC sweeps (20°C/min) conduct
sh
PEGMEA.124    
 
The decrease in glass transition temperature observed for the PEGDA/PEGMEA series is 
attributable primarily to the introduction of pendant groups along the network backbone.  
For the PEGDA/water networks described earlier, no variation in Tα nor fractional free 
volume (FFV) was observed with varying effective crosslink density. By contrast, for the 
PEGDA/PEGMEA films, a significant decrease in T  is encountered with the reduction in 
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 crosslink density that accompanies copolymerization of the PEGMEA. A systematic 
increase in FFV for the PEGDA/PEGMEA films is also observed over the range of 
compositions examined (see Table 4.3).124 Although the topographical details for the 
PEGDA/water and PEGDA/PEGMEA systems are likely to be quite different, the 
contrast in their glass transition characteristics suggests that the key structural element for 
the observed behavior in the PEGDA/PEGMEA series is the flexible pendant branches, 
hich lead to both a greater fractional free volume and a correspondingly shorter 
orks show two sub-glass transitions across the same temperature range 
ee Sections 5.3.2 and 5.3.4, respectively), which is consistent with the DMA data for 
w
relaxation time. 
 
Dynamic mechanical data for the PEGDA/PEGA series are provided in Figure 4.13.  The 
results are similar to those obtained for the PEGDA/PEGMEA specimens, with both a 
negative shift in Tα and a progressive decrease in rubbery modulus observed with 
increasing PEGA content. For the PEGDA/PEGA series, however, the relative downward 
shift in relaxation temperature over the composition range is much less (∆Tα = Tα30/70 - 
Tα100/0 = −7°C) as compared to the PEGDA/PEGMEA system (∆Tα = −17°C). Also, 
neither crystallization nor melting is observed during the dynamic mechanical scans. As 
noted above, the main structural difference between the PEGMEA and PEGA 
components is the pendant end group, i.e., −OCH3 versus −OH. 
 
Dynamic mechanical results in the sub-glass transition region are presented as plots of 
tanδ versus temperature (10 Hz) in Figure 4.14 (PEGDA/PEGMEA) and Figure 4.15 
(PEGDA/PEGA). In all cases, only a single broad sub-glass relaxation is observed, 
designated as the β relaxation. The corresponding peak temperatures, Tβ, are reported in 
Table 4.3. Notably, however, dielectric studies on crosslinked PEGDA and the 
copolymer netw
(s
PEGDA (n=3) and previously reported dielectric results for crystalline PEO.121 For the 
crosslinked copolymer networks studied here, isolated motions well removed from the 
crosslink junctions would have only a very weak influence on the bulk mechanical 
properties of the network, and they would be difficult to detect via dynamic mechanical 
measurements. As such, the single (β) relaxation that is observed most likely reflects 
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 local motions that occur in relatively close proximity to the crosslink junctions, leading to 
a stronger overall mechanical response. This scenario is consistent with the observed 
negative shift in Tβ with increasing acrylate content (re: PEGDA/PEGMEA series), as the 
resulting decrease in crosslink density and increased branch content would presumably 
lead to a less constrained local relaxation environment. 
 
Time-temperature superposition was used to construct modulus-frequency master curves 
for the crosslinked copolymer networks at a common reference temperature of −40°C.38 
xamination of the time-temperature master curves in Figure 4.16 clearly shows a 
tworks depends solely on 
e amount of PEGDA crosslinker present in the reaction mixture, even though the 
E
systematic variation in relaxation time and rubbery modulus with increasing acrylate co-
monomer in the network. The rubbery plateau modulus (ER), as determined by the KWW 
fits at −40°C, is plotted versus network composition in Figure 4.17. In addition to the 
data for the PEGDA/PEGMEA and PEGDA/PEGA series, results for the networks based 
on PEGDA/water (re: Figure 4.10) are also included. According to classical rubber 
elasticity theory, the mechanical modulus measured in the rubbery plateau region should 
be proportional to the crosslink density.35-37 In Figure 4.17, a single relationship is 
evident between rubbery modulus and PEGDA content for all three network systems.  
This implies that the effective crosslink density in the various ne
th
structural details of the resulting networks may differ substantially. 
 
In Figure 4.18, the KWW parameters (τo, β) are plotted versus PEGDA content for the 
various networks. For both the PEGDA/PEGMEA and PEGDA/PEGA series, τo 
decreases with decreasing PEGDA fraction at a fixed reference temperature. This 
behavior reflects the shift in glass transition to lower temperatures (or higher frequencies) 
with increasing co-monomer content. A decrease in PEGDA crosslinker also leads to a 
progressive increase in the KWW distribution parameter (β), reflecting a narrowing of 
the glass-rubber relaxation with decreasing crosslink density; the trend is consistent 
across all three network systems examined. The observed narrowing of the glass-rubber 
relaxation with decreasing crosslink density suggests an overall reduction of the elastic 
constraints imposed by the crosslink junctions, leading to a more homogeneous 
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 segmental relaxation environment; this result is in agreement with KWW parameters 
reported for other networks of varying crosslink density.25-28,30 For the networks 
examined here, comparable relaxation narrowing is observed regardless of the method 
used to reduce crosslink density; i.e., either through the addition of diluent to the reaction 
mixture, or via copolymerization and the introduction of flexible pendant branches in the 
etwork.  
end obtained for the 
EGDA/water networks. As noted above, an inverse relation has been reported between 
n
 
Figures 4.19 and 4.20 show cooperativity plots for the PEGDA/PEGMEA and 
PEGDA/PEGA networks, respectively, based on the Tα values reported in Table 4.3. The 
solid curves correspond to WLF fits to the data. For both series of networks, the curves 
show a decrease in slope (i.e., decrease in time-temperature sensitivity) with decreasing 
crosslink density. This behavior suggests a net decrease in the intermolecular 
cooperativity inherent to the glass transition with a reduction in crosslink density and 
concomitant introduction of flexible PEG branches within the network. The trend is 
consistent with results reported for other homopolymer networks with varying crosslink 
density.25,29,30 The activation energies, EA(Tα), and fragility values for PEGDA and the 
copolymer networks are reported in Table 4.4. For both copolymer systems, a 
progressive decrease in the fragility value is evident with increasing acrylate content, 
indicating a lower degree of intermolecular cooperativity across the glass transition with 
decreasing crosslink density; this result is very similar to the tr
P
the KWW distribution parameter (β) and the fragility index (m).122 Increases in the 
distribution parameter, which are indicative of a narrowing of relaxation breadth, tend to 
correlate with a decrease in the fragility value. Such a correlation is observed for the 
PEGDA copolymer networks, as demonstrated in Figure 4.21. 
 
The segmental relaxation characteristics of the PEGDA copolymer networks, and their 
relation to variations in crosslink density, are largely consistent with the behavior 
reported for other polymer networks with controlled crosslink density. The systematic 
decrease in crosslink density (with no net change in chemical composition) achieved by 
the copolymerization of flexible pendant groups into the network leads to a narrowing of 
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 the glass transition that reflects a more homogeneous relaxation environment, as the 
constraining influence of the acrylate junctions is reduced. This is accompanied by a 
decrease in fragility index, suggesting less intermolecular cooperativity inherent to the 
glass-rubber relaxation. These trends, which are common to many homopolymer network 
systems with varying crosslink density, would seem to indicate that the relaxation 
mechanism in the PEGDA networks is not substantially changed upon introduction of the 
endant branches. That is, the segmental motions that occur along the ethylene oxide 
) (see Figure 4.22). The 
ominal glass transition temperature (Tα; 1 Hz peak value) varies by 3°C over the range 
p
linkages of the branches (n = 7 or 8 in length) are likely to be quite similar in character to 
those occurring across the crosslinked PEGDA bridges (n=14). As such, the underlying 
motional origin of the glass transition appears to remain more or less the same. However, 
the introduction of the pendant branches does lead to a decrease in the measured glass 
transition temperature for the copolymer networks, as the non-reactive chain ends 
introduce defects into the network structure. This effect is more pronounced for the 
PEGMEA co-monomer (−OCH3 chain end) as compared to PEGA (−OH end group) and 
is accompanied by a systematic increase in fractional free volume for the 
PEGDA/PEGMEA series (refer to Table 4.3). Notably, for the PEGDA/PEGA series, a 
modest decrease in FFV is observed with increasing PEGA content. 
 
4.3.1.4 PEGDA networks prepared with varying amounts of short-branch acrylate 
monomer 
 
Dynamic mechanical data for PEGDA networks copolymerized with the short branch 
DGEEA monomer are shown in Figure 4.22: these copolymers exhibit a substantial 
reduction in crosslink density with increasing DGEEA content as manifested by the 
strong decrease observed in the rubbery plateau modulus (ER
n
of sample compositions examined indicating only a modest decrease in Tα with co-
monomer content, a result that is consistent with the DSC measurements (see Table 4.5). 
This is in contrast to the PEGDA/PEGMEA copolymers, which show a much larger drop 
in Tα over the same composition range. The key difference for the PEGDA/DGEEA 
series is the shorter repeat unit length of the acrylate monomer. The DGEEA monomer, 
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 with a repeat unit length of n = 2, is inserted into the PEGDA network as short branch 
defects. While the short branches produce a net increase in FFV that is comparable to the 
result for PEGDA/PEGMEA, they are closer to bulky pendants rather than flexible 
branches, and this limits the decrease in glass transition temperature that might otherwise 
be expected based on the reduction in crosslink density and corresponding increase in 
FFV.125 This trend in Tα is consistent with dynamic mechanical results reported for 
PEGDA networks prepared with even shorter (n=1) branched, −OCH3 terminated acrylate 
monomer.126  
 
Time-temperature superposition was used to construct master curves of storage modulus 
(E′) versus frequency at a reference temperature of −40°C;38 results for the complete 
PEGDA/DGEEA series with corresponding KWW curve fits are shown in Figure 4.23. 
The β parameter values indicate an overall narrowing of the relaxation at higher DGEEA 
content, possibly due to the net decrease in crosslink density. However, this behavior is 
not as strong when compared to the PEGMEA series of networks. It is speculated that the 
DGEEA branches impart a certain degree of heterogeneity to the network owing to their 
substantially short length as compared to the flexible bridging groups. This could 
ossibly result in a trade off between the crosslink density and pendant content leading to 
igure 4.24 shows cooperativity plots for the PEGDA/DGEEA networks, with Tα 
p
a lesser degree of narrowing.  
 
F
corresponding to the dynamic mechanical peak temperature for each network at a 
frequency of 1Hz.  Each data set has been successfully described by the non-linear 
Williams-Landel-Ferry (WLF)38 equation (see solid curves in Figure 4.24). The 
activation energy (EA) (slope of each curve at Tα) and the fragility index (m) (calculated 
as per equation 2.11) are reported in Table 4.5. Addition of small amounts of DGEEA 
monomer into the PEGDA network results in the reduction of the time-temperature 
sensitivity (and hence the intermolecular cooperativity) associated with the glass-rubber 
relaxation of the network. This is reflected in the decrease in activation energy and 
fragility index with decrease in crosslink density as compared to a 100% PEGDA 
network, as seen for the 80/20 PEGDA/DGEEA copolymer. However, further increases 
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 in the amount of co-monomer fail to decrease the intermolecular cooperativity to a 
significant degree.  
 
4.3.1.5 PEGDA networks prepared with variation in crosslinker 
 
Networks prepared with PPGDA crosslinker 
 
Dynamic mechanical results for networks formed from 100% PPGDA crosslinker (n = 
2), as well as for films prepared from the copolymerization of PPGDA with PPGMEA 
free volume does not measurably alter the glass transition 
mperature in these networks (see Table 4.6). This is in contrast to the modest influence 
1
(n = 2) are shown in Figure 4.25. The dynamic mechanical studies encompass copolymer 
compositions up to 40 wt% PPGMEA co-monomer. The position of the tanδ peak (Tα = 
−37°C; 1 Hz) is independent of co-monomer content, indicating that the nominal glass 
transition temperature of the networks is not affected by composition for the range of 
specimens examined. Similar to PEGDA/DGEEA series, the incorporation of PPGMEA 
co-monomer into the PPGDA network results in the insertion of short branches (n = 2) 
along the network backbone. However, the PPGDA networks encompass an inherently 
larger free volume as compared to the PEGDA networks (0.160 for 100% PPGDA vs. 
0.118 for 100% PEGDA). Consequently, the insertion of the short PPGMEA branches 
and corresponding increase in 
te
of co-monomer content on Tα in the PEGDA/DGEEA copolymer networks (see Table 
4.5), and in sharp distinction to the PEGDA/PEGMEA copolymers, for which a 
progressive decrease in Tα of nearly 20°C was observed with increasing PEGMEA (n = 
8) branch content. The insertion of longer PEGMEA branches into the initially tighter 
PEGDA network has a much stronger influence on the central segmental relaxation time 
and corresponding glass transition temperature as compared to the inclusion of shorter 
PPGMEA chains into the relatively open PPGDA network.        
 
The storage modulus curve for the 100% PPGDA network (n = 12) is compared with the 
result obtained for the 100% PEGDA sample (n = 14) in Figure 4.25. Network theory37 
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 predicts that the storage modulus measured in the rubbery plateau region (ER) should be 
proportional to the effective crosslink density (υe),  where υe (mol/cm3) is defined as:34             
c
p
                                               e M
ρυ =  [2.7] 
y and Mc (g/mol) is the molecular weight 
etween crosslink junctions. For both networks, Mc is nominally established by the 
s a reasonable KWW fit 
r each copolymer composition, with β = 0.26 ± 0.01. For the range of copolymer 
 
where ρp (g/cm3) is the bulk polymer densit
b
number of repeat units in the crosslinker; i.e., for PPGDA (n = 12), Mc = 768 g/mol, 
while for PEGDA (n = 14), Mc = 688 g/mol. The density of the 100% PPGDA network 
(1.065 gm/cm3) is considerably lower than that measured for the 100% PEGDA network 
(1.183 gm/cm3, see ref. 115), and reflects the higher fractional free volume present in the 
PPGDA matrix.  The introduction of these physical parameters into the definition for υe 
predicts a reduction in effective crosslink density of ~ 20% for PPGDA versus PEGDA, 
and this is manifested in the measured decrease in ER as shown in Figure 4.25. The 
modulus results obtained here are largely consistent with previous room-temperature 
mechanical measurements reported by Patel et al. on crosslinked PPGDA and PEGDA.127 
For the PPGDA/PPGMEA copolymers, ER decreases systematically with increasing 
PPGMEA concentration, reflecting the stoichiometry-driven decrease in effective 
crosslink density with PPGMEA content in the polymerization reaction mixture. 
 
Time-temperature superposition was used to construct master curves of storage modulus 
(E′) versus frequency at a reference temperature of −40°C;38 results for the entire 
PPGDA/PPGMEA series fit to the KWW model are shown in Figure 4.26. For the 100% 
PPGDA network, a value of β = 0.26 was obtained, indicating a somewhat broader, less 
homogeneous relaxation for the PPGDA sample as compared to the 100% PEGDA 
network (β = 0.30), most likely due to the presence of the −CH3 pendant along the 
propylene oxide (−OCH2CHCH3−) repeat unit. Figure 4.26 show
fo
compositions studied here, no systematic trend in relaxation breadth was observed with 
varying copolymer content.  
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 Figure 4.27 shows cooperativity plots for the PPGDA/PPGMEA networks, as well as for 
a 100% PEGDA specimen, with Tα corresponding to the dynamic mechanical peak 
temperature for each network at a frequency of 1 Hz. In every case, the log(aT) – 
ciprocal temperature relationship is non-linear
Landel-Ferry (WLF) equation38 (see solid curves in Figure 4.27). The apparent activation 
ragility) 
r the segmental motions in crosslinked PEGDA. From a structural standpoint, this 
re , and can be described by the Williams-
energy of the glass-rubber relaxation (EA) and the fragility index (m) can be evaluated 
using the slope of each cooperativity curve. For the 100% PPGDA network, a value of EA 
= 300 kJ/mol is obtained.  The introduction of PPGMEA into the network (and the 
corresponding drop in effective crosslink density) results in a reduction in the apparent 
activation energy, suggesting a decrease in the cooperativity inherent to the glass 
transition. Values of EA(Tα) for the PPGDA/PPGMEA copolymer series are reported in 
Table 4.6; the trend observed is similar to that obtained for the PEGDA/PEGMEA 
networks (see Table 4.4). The reduction in crosslink density achieved through 
copolymerization leads to a decrease in the constraint imposed by the crosslink junctions, 
such that less segmental cooperation is required across the glass transition.   
 
Comparison of the cooperativity curves for 100% PPGDA (n = 12) versus 100% PEGDA 
(n = 14) in Figure 4.27 reveals a stronger time-temperature sensitivity for the PEO 
network, indicating a higher degree of intermolecular cooperativity (i.e., higher f
fo
result is somewhat counter-intuitive, as the bulkier character of the PPO repeat unit 
would be expected to encompass a higher degree of cooperative motion in the PPGDA 
networks as compared to the relatively smooth, compact character of the PEO moiety.44  
However, the comparison must also take into account the observed difference in effective 
crosslink density for these two materials (υe [PEGDA] > υe [PPGDA]), as well as the difference 
in fractional free volume present in the networks. The relatively high degree of fractional 
free volume that is obtained in crosslinked PPGDA appears to be a decisive factor, 
leading to a more open relaxation environment that can accommodate motion of the PPO 
segments with less overall inter-segmental cooperation. 
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 Networks prepared with BPAEDA crosslinker 
 
Dynamic mechanical data for the BPAEDA/PEGMEA series of copolymers (1 Hz) are 
presented in Figure 4.28. The data show a significant decrease in the glass-rubber 
relaxation temperature with PEGMEA content, as both the step change in E′ and peak in 
tanδ are shifted strongly to the left with increasing PEGMEA. The Tα values for the 
series exhibit the same trend as the glass transition temperatures (Tg) determined by DSC 
(see Table 4.7). The key observation here is the positive offset in Tα for a 100% 
BPAEDA network (Tα = 11°C) as compared to the 100% PEGDA (Tα = -35°C) polymer. 
This can be attributed primarily to the bulky, relatively rigid character of the BPAEDA 
backbone (8 ethylene oxide repeat units, in addition to the bisphenol A group) as 
compared to the flexible PEGDA chains (14 ethylene oxide repeat units). Also, the 100% 
BPAEDA network has a lower value of molecular weight between crosslinks (Mc = 634 
g/mol) as compared to a 100% PEGDA network (Mc = 688 g/mol), resulting in a more 
constrained morphology. Inclusion of increasing amounts of PEGMEA monomer drives a 
rogressive decrease in the effective crosslink density as manifested by the observed drop 
kely due to the presence of the 
ulkier bisphenol A group along the crosslinker. Introduction of acrylate monomer into 
e network results in a slight broadening of the relaxation as reflected in the decreasing 
p
in the rubbery modulus (ER); similar trends in the dynamic mechanical results are 
obtained for the BPAEDA/PEGA series (see Figure 4.29)   
 
Modulus-frequency master curves for both copolymer networks were constructed by 
applying the time-temperature superposition method, at a common reference temperature 
of 10°C.38 Examination of the time-temperature master curves in Figure 4.30 indicates a 
systematic variation in relaxation time and rubbery modulus with increasing acrylate co-
monomer in the network. The data were curve fit to the KWW model (see solid curves in 
Figure 4.30) to obtain the distribution parameter (β). For the 100% BPAEDA network, a 
value of β = 0.21 was obtained (see Table 4.7), indicating a much broader, heterogeneous 
relaxation as compared to the 100% PEGDA network (β = 0.30). Also, the fractional free 
volume measured for the 100% BPAEDA network (0.109) is comparatively less than that 
for PEGDA (0.118). These characteristics are most li
b
th
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 β values for both copolymer series. This is counter-intuitive to the typical narrowing of 
e glass-rubber relaxation observed with decreasing crosslink density. It is speculated 
.3.2 Gas transport properties 
th
that the significant structural difference between the crosslinker and the flexible acrylate 
monomers results in the overall relaxation encompassing two distinct relaxing entities, 
which leads to the observed broadening. 
 
Figures 4.31 and 4.32 show cooperativity plots for the BPAEDA/PEGMEA and 
BPAEDA/PEGA networks, respectively, based on the Tα values reported in Table 4.7. 
The solid curves correspond to WLF fits to the data.38 For both series of networks, 
inclusion of the flexible acrylate monomer results in a decrease in slope, i.e., a decrease 
in the time-temperature sensitivity or intermolecular cooperativity associated with the 
glass-rubber relaxation, in comparison to the relatively rigid 100% BPAEDA network. 
However, further decrease in crosslink density via inclusion of additional co-monomer 
does not seem to influence the cooperativity of the resulting network. As a result, a single 
WLF curve and corresponding value of the activation energy and fragility index can 
successfully describe the time-temperature behavior for each series of copolymers (see 
Table 4.7). 
 
4
 
Rubbery, amorphous polymer networks based on PEGDA have been identified as 
promising membrane materials for the selective removal of CO2 in mixtures with light 
gases such as CH4, N2, and H2.18 One goal of the current work is to understand the 
relationships between structure and composition, crosslink density, and gas transport 
properties in these network polymers. Recent companion studies on crosslinked PEGDA 
and PEGDA copolymers, undertaken at the University of Texas at Austin, detail the gas 
permeability and selectivity of these networks as a function of PEGDA content, crosslink 
density, and resulting fractional free volume.  
 
The motivation behind these studies lies in the opportunity to explore the influence of 
network crosslink density on gas transport behavior. For the PEGDA/water networks, it 
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 a
anges in crosslink density observed for these 
aterials, very little change in solubility or diffusivity is measured, with the 
CO2 permeability observed with increasing PEGA content. The decrease in 
ermeability that is observed for the PEGDA/PEGA series is consistent with a small 
e for these materials as reported in Table 4.3. 
he behavior for the PEGDA/PEGA networks is in sharp contrast to the results for the 
l permeation of CO2 over H2). For 100% 
rosslinked PEGDA, pure gas CO2/H2 selectivity (α = PCO2/PH2) has a value of 
ppears that the sizeable variation in effective crosslink density, achieved independent of 
changes in composition or fractional free volume, has relatively little effect on the gas 
transport properties. Figure 4.33, for example, shows normalized CO2 solubility and 
diffusivity data for the PEGDA/water networks as a function of initial reaction 
composition.  Despite the significant ch
m
corresponding CO2 permeability increasing only by about 30% across the range of 
compositions studied.115 Thus, for the PEGDA/water networks, the relatively invariant 
transport properties suggest that the key factor influencing gas permeation in network 
polymers is not simply crosslink density, and that any attempt to correlate gas transport to 
network structure must necessarily consider the broader relationships between crosslink 
density, segmental mobility, and fractional free volume. 
  
Pure gas permeability measurements performed on the PEGDA/PEGMEA and 
PEGDA/PEGA series are shown in Figure 4.34.115,124 The result obtained for the 
PEGDA/PEGA series is similar to that for the PEGDA/water networks, with a slight  
decrease in 
p
decrease in estimated fractional free volum
T
PEGDA/PEGMEA series, where a dramatic increase in CO2 permeability is observed 
with increasing PEGMEA branch content in the rubbery network (see Figure 4.34); this 
increase is driven primarily by an increase in the diffusivity of CO2 in the polymer, as 
ethylene oxide content (and corresponding CO2 solubility) remains virtually unchanged 
over the range of copolymer compositions.124 The increase in CO2 pure gas permeability 
correlates directly with the measured increase in fractional free volume for this polymer 
series. In addition, the PEGDA networks display favorable pure gas selectivity for 
reverse-selective separations (e.g., preferentia
c
approximately 8 for measurements conducted at 35°C; this value remains nearly constant 
across both the PEGDA/water and PEGDA/PEGA series of networks. For the 
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 PEGDA/PEGMEA copolymer series, a progressive increase in selectivity is observed 
with increasing PEGMEA content: a CO2/H2 selectivity value of 13 is measured for 
minimally-crosslinked networks containing 99 wt% PEGMEA. 
 
The contrasting gas transport performance observed for the PEGDA/PEGMEA and 
PEGDA/PEGA copolymer series demonstrates the sensitivity of these materials to minor 
changes in network structure or composition. In the case of the copolymer networks, the 
only obvious difference is the nature of the end group on the pendant branches:  −OCH3 
versus −OH. This distinction leads to much greater variations in glass transition 
temperature and permeability across the PEGDA/PEGMEA series as compared to the 
PEGDA/PEGA specimens, variations that correlate primarily with the fractional free 
volume contained in the network. One possible explanation for the observed difference in 
ese copolymer series is the potential for the −OH chain ends in the PEGDA/PEGA 
o
th
polymers to form hydrogen bonds within the network structure, leading to local 
interactions that could potentially offset the changes in Tg and free volume typically 
encountered with the insertion of branch-like defects. The sensitivity of these membranes 
to relatively small variations in structure highlights the importance of developing 
fundamental understanding regarding how such changes influence membrane 
performance properties, and how intelligent design and control of membrane structure 
can be exploited to optimize separation performance for specific applications. 
 
4.3.3 PEGDA Nanocomposite networks 
 
The inclusion of nanoscale particles in a polymer matrix can produce significant 
enhancements in the physical properties f the composite material. Introduction of 
nanoparticles results in a dramatic increase in the particle-polymer surface area. This can 
potentially perturb the static and dynamic characteristics of the polymer matrix owing to 
physical confinement effects and particle-polymer interactions; such effects often 
improve the macroscopic performance of the material. Prior work by Yim et al.58 has 
shown the emergence of a second, higher temperature Tg upon inclusion of untreated 
silica (specific surface area: 200 m2/gm; 31 vol% loading) in poly(ethylene) glycol. 
 100  
 Similar effects have been observed for poly(dimethyl siloxane) [PDMS] and polystyrene 
[PS] at sufficient particle loadings. The higher temperature relaxation was speculated to 
originate in the layer of polymer chains physically immobilized on the silica particles, the 
ickness of which was estimated at 2 to 3 nm. An extensive dynamic mechanical study 
e shown as 
orage modulus (E′) and loss factor (tanδ) versus temperature in Figures 4.35 and 4.36, 
 26 wt%), there is slight enhancement in the 
lassy modulus accompanied by a progressive increase in the rubbery modulus. This 
th
undertaken by Tsagaropoulos and Eisenberg61 on different polymers (e.g., poly(methyl 
methacrylate) [PMMA], PS) reveals the existence of a second tanδ peak at higher particle 
loadings (10 wt% and above), with ∆Tg as high as 122°C for the PMMA-silica 
nanocomposites. However, for larger silica particles, with lower specific area (~ 1 m2/gm 
versus 380 m2/gm), no such Tg effect was observed.60 A detailed literature survey of work 
undertaken to elucidate polymer nanocomposite relaxation characteristics can be found in 
Section 2.4. The goal in this work is to develop fundamental structure-property 
relationships to facilitate the preparation of rubbery polymer nanocomposite membranes 
for the preferential transport of polar or quadrupolar gas molecules (such as CO2) over 
light gases (such as H2). Dynamic mechanical analysis has been used to gain an initial 
perspective into the nanocomposite morphology, and to develop insight as to how 
increased loading of nanoparticles alters the dynamic characteristics of the polymer.  
 
Dynamic mechanical studies have been performed on a series of PEGDA-based networks 
prepared with increasing amounts of spherical MgO nanoparticle (0 to 44 wt% MgO, 
which corresponds to a volume fraction of 0 to 20 vol% MgO). The results ar
st
respectively. At low particle loadings (≤
g
result is typical of the bulk mechanical behavior observed for polymers with relatively 
inert, micron scale fillers, as observed by Schwarzl et al.128 for polyurethane rubber filled 
with NaCl. With increased particle loading (30 wt% and above), the modulus curve 
exhibits a “two-step” character, indicative of two separate relaxation events. The 
emergence of a second, higher temperature relaxation is speculated to correspond to the 
fraction of polymer chains in the vicinity of the particle surface experiencing restricted 
mobility as a result of constraints imposed either through physical confinement and/or 
adsorption. Also, at higher filler content, the rubbery modulus value appears to be 
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 independent of the polymer composition (see Figure 4.35). Matteucci and co-workers 
have shown that the inclusion of MgO particles in a PEGDA matrix results in a 
significant increase in the void fraction, with a nominal MgO content of 40 vol% leading 
to a void volume fraction as high as 0.6.129 This dramatic increase in the included free 
space within the polymer matrix appears to offset the influence of higher particle loading, 
thereby resulting in an invariant rubbery modulus for progressively stiffer networks.  
 
The plot of loss factor (tanδ) versus temperature (see Figure 4.36) confirms the presence 
of a dual-Tg behavior, with the lower temperature relaxation (Tα1) corresponding to the 
bulk polymer (PEGDA) matrix, and the higher temperature transition (Tα2) corresponding 
to polymer chains confined in the vicinity of the MgO particle surface. The peak intensity 
of the α1 relaxation decreases as the transition becomes progressively broader, reflecting 
a more heterogeneous motional environment with increased filler content. Table 4.8 
provides the relaxation temperatures for the entire series of nanocomposites. A single 
glass transition is observed up to particle loadings of 26 wt%, with the peak temperature 
(Tα1) slightly higher than that of 100% PEGDA and independent of filler content. 
owever, for particle loadings of 30 wt% and greater, two relaxations are evident. The 
g
H
upper transition peak temperature (Tα2) and the corresponding tanδ peak intensity 
increase with increasing particle content, a manifestation of the increased fraction of 
surface-constrained polymer chains. Surprisingly, the lower transition temperature (Tα1) 
decreases at higher particle loadings, to values lower than the T  for neat PEGDA. This is 
possibly due to the ability of the MgO particles to “dewet” the surrounding PEGDA 
matrix, a trend consistent with the results reported by Arrighi et al.62 for styrene-
butadiene rubber (SBR) filled with organophillic-modified silica particles.       
 
The dynamic mechanical results obtained for these polymer nanocomposites raise a 
number of interesting issues relative to the influence of nanofillers on the dynamics of 
rubbery crosslinked networks, and their ultimate effect on gas transport properties. With 
regard to this, future work would involve key variables pertaining to (i) the particle size 
and the corresponding specific surface area; (ii) the extent of particle loading and its 
influence on the thickness of the resulting surface-immobilized polymer layer; (iii) the 
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 surface chemistry of the filler particles, and their interaction strength with the bulk 
matrix; and (iv) the details of the network architecture, including variations in crosslink 
density, changes in backbone structure or introduction of pendant groups.                
 
4.4 CONCLUSIONS 
 
The viscoelastic characteristics of crosslinked polymer networks synthesized via UV 
 transition 
perature or fractional free volume. Cooperativity plots showed a progressive decrease 
photopolymerization have been investigated by dynamic mechanical analysis. For 
networks prepared using poly(ethylene glycol) diacrylates of varying molecular weight, 
the resulting rubbery modulus correlated directly with distance between crosslinks in a 
manner consistent with rubber elasticity theory. Decreasing the effective distance 
between crosslink junctions from n=14 (i.e., fourteen −OCH2CH2− units) to n=3 led to a 
strong positive offset in the glass transition temperature, as well as broadening of the 
glass-rubber relaxation. Time-temperature master curves for these networks could be 
satisfactorily fit to the KWW stretched exponential relaxation function, and the observed 
decrease in the KWW distribution parameter with increasing crosslink density reflected 
inhomogeneous broadening of the glass-rubber relaxation owing to local network 
constraints. 
 
Networks prepared from PEGDA (n=14) with varying amounts of water in the reaction 
mixture showed a systematic decrease in effective crosslink density with increasing water 
content as determined from rubbery modulus measurements and prior swelling 
experiments. For these networks, a narrowing of the glass-rubber relaxation was observed 
with decreasing crosslink density, but with little variation in the measured glass
tem
in fragility with decreasing crosslink density, in agreement with other network studies 
reported in the literature. 
 
The introduction of mono-functional acrylate in the prepolymer reaction mixture was 
used to control crosslink density in the resulting polymers and led to the insertion of 
flexible oligomeric branches within the networks. For the model PEGDA copolymer 
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 networks, the molecular weights of the PEGMEA and PEGA co-components were 
selected so as to maintain a constant ethylene oxide content within the final networks.  
For both series, the introduction of the acrylate co-monomer led to a decrease in the 
easured glass transition temperature as well as a systematic reduction in crosslink 
 the rubbery modulus of the network. KWW curve fits to time-
mperature modulus master curves indicated a narrowing of the glass-rubber relaxation 
A branches which appears to introduce heterogeneity in the relaxation 
nvironment. The temperature sensitivity for the copolymer networks remained fairly 
th PPGMEA resulted in a systematic decrease in effective 
rosslink density and a progressive increase in FFV. Dynamic mechanical studies 
m
density as reflected in
te
with reduced crosslink density that correlated with a decrease in fragility, suggesting a 
more homogeneous, less cooperative relaxation environment in the copolymer networks.  
The influence of the copolymer branches was more pronounced in the PEGDA/PEGMEA 
series, which displayed a much larger variation in glass transition temperature with 
changing PEGDA content. 
 
Insertion of the short branch DGEEA monomer into the PEGDA network had only a 
modest effect on the glass transition temperature with varying crosslink density. The 
KWW distribution parameter indicated only a slight narrowing of the relaxation breadth 
for the entire series of networks prepared, irrespective of the systematic decrease in the 
effective crosslink density. This could be attributed to the insertion of short, relatively 
rigid DGEE
e
consistent for the entire range of compositions which reflected in the modest decrease in 
fragility with increasing co-monomer content. 
 
A series of rubbery crosslinked copolymers based on poly(propylene glycol) diacrylate 
have been examined. The presence of the bulky propylene oxide segment along the 
PPGDA crosslinker and PPGMEA branches led to relatively large amounts of free 
volume in these networks. The insertion of short branches along the network backbone 
via copolymerization wi
c
indicated virtually no variation in the glass transition temperature with increasing 
PPGMEA content. The presence of the flexible PPGMEA branches (and the 
 104  
 corresponding reduction in crosslink density) did, however, result in a progressive 
decrease in network fragility at the glass-rubber transition.     
 
The 100% BPAEDA network, which has an inherently stiffer crosslink structure, 
undergoes glass transition at a significantly higher temperature as compared to the 
PEGDA material. Inclusion of flexible acrylate PEGMEA and PEGA chains into the 
BPAEDA network led to a strong decrease in the glass transition temperature with 
decreasing effective crosslink density. However, a contrasting behavior was observed 
with increasing co-monomer content resulting in a gradual broadening of the glass-rubber 
relaxation. This has been attributed to the substantial structural difference between the 
crosslinker and the acrylate monomers, which leads to greater overall relaxation 
eterogeneity despite decreasing crosslink density in the networks. 
n temperature (Tα1) was found to decrease 
ightly at higher particle loadings, possibly due to dewetting of the PEGDA matrix in the 
attempts to correlate gas transport to network structure must necessarily consider the 
h
 
Inclusion of MgO nanoparticles into the PEGDA network (i.e., PEGDA/MgO 
nanocomposites) resulted in the emergence of a dual-Tg behavior in dynamic mechanical 
studies: the lower temperature relaxation (Tα1) originated in the bulk matrix phase while 
the second, higher temperature relaxation (Tα2) corresponded to polymer chains 
constrained in the vicinity of the particle surface due to physical confinement and 
segmental adsorption effects. Increased particle loading led to a progressively more 
heterogeneous relaxation response as manifested by a substantial broadening of the Tα1 
relaxation.  The position of the lower transitio
sl
vicinity of MgO agglomerates. This was accompanied by a small increase in the second 
transition temperature (Tα2) due to the increased fraction of surface-constrained polymer 
chains. 
 
Gas permeation measurements on the PEGDA/water networks indicated only a very 
small variation in gas transport properties, despite the sizeable variation in apparent 
crosslink density achieved in these materials.  This result suggests that the controlling 
structural factor for gas transport in the networks is not crosslink density alone, and that 
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 broader relationships between crosslink density, segmental mobility, and fractional free 
volume. A clear difference was evident in the transport behavior of the 
EGDA/PEGMEA and PEGDA/PEGA copolymer networks, with the P
PEGDA/PEGMEA membranes displaying a strong variation in permeability and 
selectivity over the range of copolymer compositions examined. Both the observed glass 
transition and transport behavior correlated with measured variations in fractional free 
volume for these networks. 
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Table 4.1: Relaxation characteristics of PEGDA networks: Tα, dynamic mechanical peak 
temperature for glass transition (1 Hz); Tβ, dynamic mechanical peak temperature for 
sub-glass transition (10 Hz); βKWW, KWW distribution parameter for glass-rubber 
laxation. 
 
 
            Tα (1 Hz)        Tβ1 (10 Hz)      Tβ2 (10 Hz)            βKWW           
                                     (°C)                  (°C)                  (°C) 
EGDA (n=3) 79   -71 -37 0.11          
EGDA (n=10)               - 26 -110 -66 0.19          
EGDA (n=14)               - 35    -- -70 0.30          
re
 
 
 
 
  
  
  
P
 
P
 
P
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Table 4.2: Relaxation characteristics of crosslinked PEGDA/water networks, based on 
PEGDA n=14 prepolymer: Tα, dynamic mechanical peak temperature for glass transition 
(1 Hz); βKWW, KWW distribution parameter for glass-rubber relaxation; FFV, fractional 
free volume based on density measurements; EA(Tα), apparent activation energy 
J/mole) evaluated at Tα; m, fragility index based on equation 2.11. FFV determined at 
e University of Texas at Austin. 
 
       EA(Tα)  m 
                  (°C)                 
5                     0  354 8              
    80:20                           -34                   0.37     0.117  328               72                
    50:50                             -34                   0.39     0.119  302               66                
    20:80                             -34                   0.47     0.124  226               49                
(k
th
 
 
 
  PEGDA/water    Tα (1 Hz)             βKWW    FFV    
                         
  
       
      100:0                             -3    0.30 .118               7   
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Table 4.3: Characteristics of crosslinked PEGDA (n=14) and copolymer networks: T , 
dynamic mechanical peak temperature for glass transition (1 Hz); T
α
      
)                 (°C) 
DA -35 -40 -70 0.30           0.118 
EGDA/PEGA 
-38 -40 -73 0.34           0.112 
               50/50 -41 -42 -73 0.35           0.112 
               30/70 -42 -44 ----- 0.38           0.110 
g, calorimetric glass 
transition temperature;124 Tβ, dynamic mechanical peak temperature for sub-glass 
transition (10 Hz); βKWW, KWW distribution parameter for glass-rubber relaxation; FFV, 
fractional free volume based on density measurements. Tg (DSC) and FFV determined at 
the University of Texas at Austin.  
 
 
 
       Tα (1 Hz)       T  (DSC)         Tβ (10 Hz)         βKWW        FFV g
                                       (°C)                (°C
  
 PEG
   
 PEGDA/PEGMEA 
                 80/20 -41 -44 -77 0.33           0.122 
                 50/50 -47 -52 -79 0.34           0.127 
                 30/70 -52 -57 -82 -----           0.128 
 
 P
                 80/20 
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                              Tα (1 Hz)          EA(Tα)             m 
                                                (°C) 
 78  
 
 310  70  
 -4  262  6
28  63 
  -41  52 
 -4  215  4  
 
 
 
 
Table 4.4: Glass-rubber relaxation characteristics for PEGDA (n=14) and copolymer 
networks: Tα, dynamic mechanical peak temperature for glass transition (1 Hz); EA(Tα), 
apparent activation energy (kJ/mole) evaluated at Tα; m, fragility index based on equation 
2.11. 
 
 
 
  
 -35  354 PEGDA               
  
PEGDA/PEGMEA 
  -41 80/20   
50/50   7 0   
 
PEGDA/PEGA 
80/20    -38 3   
 231 50/50  
30/70   2 9   
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ubber relaxation; FFV, fractional free volume based on density measurements; 
A(Tα), apparent activation energy (kJ/mole) evaluated at Tα; m, fragility index based on 
quation 2.11. Tg (DSC) determined at the University of Texas at Austin. 
 
α (1 Hz)      Tg βKWW A(Tα        m 
    (°C)              (°C)        
 PEGD
     50/50 -38 -45 0.32 0.128  250           56 
                
 
 
 
 
 
 
 
 
 
 
 
 
 
Table 4.5: Glass-rubber relaxation characteristics for PEGDA (n=14) and DGEEA (n=2) 
copolymer networks: Tα, dynamic mechanical peak temperature for glass transition (1 
Hz); Tg, calorimetric glass transition temperature; βKWW, KWW distribution parameter for 
glass-r
E
e
 
 
 
 
T  (DSC)             FFV      E )               
                                     
  
A -35 -40            0.30        0.118       354           78 
   
  
PEGDA/DGEEA 
      
     80/20 -36 -41 0.29 0.114  276           61 
     60/40 -38 -44 0.33 0.125  250           56 
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Table 4.6: Glass-rubber relaxation characteristics for PPGDA (n=12) and PPGMEA 
(n=2) copolymer networks: Tα, dynamic mechanical peak temperature for glass transition 
(1 Hz); EA(Tα), apparent activation energy (kJ/mole) evaluated at Tα; m, fragility index 
based on equation 2.11. 
 
 
 
 
 
              Tα (1 Hz)                 EA(Tα)          m 
                                                  (°C)                         
300                          67 
      
-36 280                          62             
0/20 -37 235                          52             
-35 
            
 
 
  
  
  
PPGDA -36 
   
  
 PPGDA/PPGMEA 
     90/10 
     8
     60/40 210                          46             
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Table 4.7: Glass-rubber relaxation characteristics for BPAEDA (n=4) and copolymer 
networks: Tα, dynamic mechanical peak temperature for glass transition (1 Hz); Tg, 
calorimetric glass transition temperature; βKWW, KWW distribution parameter for glass-
rubber relaxation; EA(Tα), apparent activation energy (kJ/mole) evaluated at Tα; m, 
agility index based on equation 2.11. Tg (DSC) determined at the University of Texas at 
ustin. 
Tα (1 Hz)         Tg (DSC)        βKWW           EA(Tα)            m 
                        (°C)                 (°C)             
           52 
BPAED EA 
       -8          -16              
     -24          -35               
0/50      -30                  -43              0.19                                   
                                                                                                                      
PAEDA/PEGA 
                                                                                                              
     80/20        -2                  -11              0.21               
     60/40      -15                  -27              0.20              221             45 
     50/50      -21                  -34              0.18              
                                
 
fr
A
 
 
 
 
            
               
  
PAEDA            11                      1              0.21              283  B
   
 
A/PEGM
                                                                                                             
     80/20         0.22                          
0/40         0.23              232             49     6
     5
  
 
B
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Table 4.8: Glass-rubber relaxation characteristics for PEGDA/MgO nanocomposites: 
Tα1, dynamic mechanical peak temperature for glass transition (1 Hz) of the bulk matrix; 
Tα2, dynamic mechanical peak temperature for glass transition (1 Hz) of the polymer 
chains confined in the vicinity of the MgO particle surface.   
 
 
 
 
                    Tα1 (1 Hz)                          Tα2 (1 Hz)         
                                                         (°C)                                    (°C)             
          14 -33 --   
-33 --    
  
 
 
 
-38 16   
 
 
 
 
 
  
  
--  PEGDA (n=14) -35 
 
MgO content (wt%) 
  
 20 
26 -33 --   
 
 
 30 -33 10 
 35 -37 12   
 
 39 
 44 -40 17  
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igure 4.1: FTIR spectra of liquid PEGDA and solid crosslinked PEGDA films (n=3).  
or the solid polymer films, one side was exposed directly to UV light (“top”), and the 
ther side was positioned opposite to the UV source (“bottom”).  Annealed films were 
eld at 100°C for one hour after UV exposure. 
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Figure 4.2: Dynamic mechanical properties (E′; tanδ) versus temperature for 100% 
PEGDA (n=14) network; heating rate of 1°C/min. 
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Figure 4.3: Dynamic mechanical properties (E′; tanδ) for PEGDA networks based on 
diacrylates with varying ethylene oxide repeat leng
o
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Figure 4.4: Ratio of temperature/rubbery modulus [T(K)/ER] for PEGDA networks with 
varying ethylene oxide repeat length, n. Values of the rubbery modulus, ER, establis
 time-temperature master curves. 
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Figure 4.5: tanδ versus temperature (°C) for PEGDA networks in the sub-glass transition 
range. Curves are offset vertically for clarity. Frequency of 10 Hz; heating rate of 
1°C/mi  
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igure 4.6: Time-temperature master curve for PEGDA (n=14) network; TREF = −40°C.  
olid curve is KWW best-fit. Inset:  log(shift factor, aT) versus temperature (°C).   
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 Time-temperature master curves for PEGDA networks with varying ethylene 
n. Solid curves are KWW best fits. 
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itial reaction mixture. Frequency of 1 Hz; heating rate 
f 1°C/min. 
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Figure 4.9: Storage modulus versus temperature for PEGDA (n=14) networks with 
varying amounts of water in the in
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Figure 4.10: Time-temperature master curves for PEGDA/water networks. Curves are 
WW best fits at TREF = −40°C. K
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Figure 4.11: Cooperativity plots (log(aT) versus Tα/T) for PEGDA/water networks. Solid 
curves are WLF fits. 
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Figure 4.12: Dynamic mechanical properties (E′; tanδ) versus temperature for 
EGDA/PEGMEA copolymer networks. Frequency of 1 Hz; heating rate of 1°C/min. P
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for 
EGDA/PEGA copolymer networks. Frequency of 1 Hz;  heating rate of 1°C/min. 
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Figure 4.13: Dynamic mechanical properties (E′; tanδ) versus temperature 
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 δ versus temperature for PEGDA/PEGA networks in the sub-glass 
transition range. Curves are offset vertically for clarity. Frequency of 10 Hz; heating rate 
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Figure 4.16: Time-temperature master curves for PEGDA copolymer networks; TREF = 
−40°C. Solid curves are KWW best fits. 
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Figure 4.17: Rubbery modulus (ER, MPa) versus PEGDA content for 
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time-temperature master curves at −40°C. 
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Figure 4.18: KWW parameters for the glass-rubber relaxation in PEGDA networks; TREF 
 −40°C. (a) Relaxation time (τo, sec) versus PEGDA content; (b) Distribution parameter 
βKWW) versus PEGDA content. 
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Figure 4.19: Cooperativity plots (log(aT) versus Tα/T) for PEGDA/PEGMEA copolymer 
networks. Solid curves are WLF fits.  
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Figure 4.20: Cooperativity plots (log(aT) versus Tα/T) for PEGDA/PEGA copolymer 
networks. Solid curves are WLF fits.  
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 Fragility index (m), as defined in Eq. 2.11, versus KWW distribution 
arameter (βKWW) for PEGDA copolymer networks. 
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Figure 4.22: Dynamic mechanical properties (E′; tanδ) versus temperature for 
EGDA/DGEEA copolymer networks. Frequency of 1 Hz;  heating rate of 1°C/min. P
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Figure 4.24: Cooperativity plots (log(aT) versus Tα/T) for PEGDA/DGEEA copolymer 
etworks.  Solid curves are WLF fits. n
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igure 4.25: Dynamic mechanical properties (E′; tanδ) versus temperature for 100% 
EGDA and PPGDA/PPGMEA copolymer networks. Frequency of 1 Hz;  heating rate of 
°C/min. 
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re 4.26: Time-temperature master curves for PPGDA/PPGMEA copolym
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igure 4.27: Cooperativity plots (log(aT) versus Tα/T) for PPGDA/PPGMEA copolymer 
etworks.  Solid curves are WLF fits. 
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igure 4.28: Dynamic mechanical properties (E′; tanδ) versus temperature for 
PAEDA/PEGMEA copolymer networks. Frequency of 1 Hz; heating rate of 1°C/min. 
-100 -80 -60 -40 -20 0 20 40 60
M
od
ul
us
 (P
a)
106
107
108
109
1010
Temperature (°C)
1 Hz
BPAEDA (n=4)
80/20 BPAEDA/PEGMEA 
60/40 BPAEDA/PEGMEA 
50/50 BPAEDA/PEGMEA 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
0.0
0.2
0.4
0.6
0.8
1.0
1.2
1.4
ta
n 
δ
 
 
-100 -80 -60 -40 -20 0 20 40 60 
 
F
B
 
 142  
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
igure 4.29: Dynamic mechanical properties (E′; tanδ) versus temperature for 
PAEDA/PEGA copolymer networks. Frequency of 1 Hz; heating rate of 1°C/min. 
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Figure 4.30: Time-temperature master curves for BPAEDA copolymer networks; TREF = 
10°C.  Solid curves are KWW best fits. 
10-6 10-2 102 106 1010 1014 1018 1022
M
od
ul
us
 (P
a)
106
107
108
109
1010
TREF= 10°C
ωaT
10-6 10-2 102 106 1010 1014 1018 1022
M
od
ul
us
 (P
a)
10
107
108
109
1010
BPAEDA
80/20 BPAEDA/PEGA 
60/40 BPAEDA/PEGA 
50/50 BPAEDA/PEGA
BPAEDA 
80/20 BPAEDA/PEGMEA
60/40 BPAEDA/PEGMEA
50/50 BPAEDA/PEGMEA
6
 144  
  
 
 
 
GMEA 
opolymer networks.  Solid curves are WLF fits. 
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Figure 4.31: Cooperativity plots (log(aT) versus Tα/T) for BPAEDA/PE
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EGDA (n=14):  S = 1.3 cm3(STP)/(cm3-atm), D = 6.2 x 10-7 cm2/s.115  
 
 
 
Figure 4.33: CO2 transport properties determined at 35°C and infinite dilution for 
PEGDA/water networks.  Solubility, diffusivity ratios defined relative to values for 100% 
PEGDA content (wt%)
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Figure 4.34: CO2 permeability (Barrer) determined at 35°C and infinite dilution for 
PEGDA networks.115,124 1 Barrer = 10-10cm3(STP) cm/(cm2s cm-Hg).  
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Figure 4.35: Dynamic mechanical storage modulus (E′) versus temperature for PEGDA 
networks with varying MgO (wt%) loading. Frequency of 1 Hz; heating rate of 1°C/min. 
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Figure 4.36: Dynamic mechanical loss factor (tanδ) versus temperature for PEGDA 
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 Chapter Five 
olecular Dynamics of Crosslinked Poly(ethylene glycol) Networks by Broadband 
ielectric Spectroscopy 
 
 network composition and polymer chain architecture. Changes in backbone structure, 
 
lass transition, as well as on the more localized processes observed below Tg. Broadband 
ielectric spectroscopy provides a sensitive and non-intrusive means by which to probe 
otional relaxations in polymeric solids over a wide range of temperature and timescale. 
ielectric spectroscopy relies on the presence of permanent dipole groups along the 
olymer chain contour as a probe for the detection of molecular reorientation (i.e., 
 
M
D
 
This chapter is based on work published as: 
 
 
(i) S. Kalakkunnath, D.S. Kalika, H. Lin, R. D. Raharjo, B.D. Freeman, “Molecular 
Relaxation in Cross-Linked Poly(ethylene glycol) and Poly(propylene glycol) 
Diacrylate Networks by Dielectric Spectroscopy”, Polymer, 48(2), 579-589 
(2007). Copyright 2006 Elsevier Ltd. 
 
(ii) S. Kalakkunnath, D.S. Kalika, H. Lin, R. D. Raharjo, B.D. Freeman, “Molecular 
Dynamics of Poly(ethylene glycol) and Poly(propylene glycol) Copolymer 
Networks by Broadband Dielectric Spectroscopy”, Macromolecules, 40(8), 
2773-2781. Copyright 2007 American Chemical Society. 
 
 
5.1 INTRODUCTION 
 
The dynamic relaxation properties of crosslinked polymer networks are highly sensitive 
to
crosslink density, or the introduction of pendant groups or branches can have a dramatic 
effect on the characteristics of the cooperative segmental motions associated with the
g
d
m
D
p
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 polarization) in the presence of an alternating electric field. The primary advantage of 
DS is the exceptionally wide range of frequencies that can be accessed: commercial 
struments provide for measurement from as low as 10-5 Hz to 107 Hz, and an overall 
nge of up to 18 decades can be achieved by a combination of experimental 
configurations.130,131 Dielectric spectroscopy has been used to investigate relaxations in a 
er 
 
r 
ical 
 
oly(ethylene glycol) acrylate [PEGA] and diethylene glycol ethyl ether acrylate 
 
the monomers and their corresponding network structure were presented in Sections 2.2 
and 4.1.       
 
A number of studies ha g and related structural 
odifications on the segmental relaxation properties of polymer networks: dynamic 
echanical analysis and dielectric spectroscopy have been used to assess the effect of 
B
in
ra
variety of polymeric materials including semi-crystalline polymers and blends.132 This 
tool can also be effectively used to characterize polymer networks, as it can be applied to 
monitor the evolution of network formation in situ,133,134 as well as to elucidate polym
chain motions in the fully-cured material. A distinguishing feature of BDS is the ability 
to successfully capture the low intensity, sub-glass relaxation behavior via probing of the 
constituent dipole groups, a characteristic unavailable in complementary techniques like
dynamic mechanical analysis.  
 
In the present chapter, the dielectric relaxation characteristics of amorphous polyme
networks prepared by the photopolymerization of poly(ethylene glycol) diacrylate 
[PEGDA], poly(propylene glycol) diacrylate [PPGDA] and bisphenol A ethoxylate 
diacrylate [BPAEDA] crosslinkers, previously characterized by dynamic mechan
analysis (see Chapter 4), are discussed. Further, the crosslink density of these networks 
has been varied by the inclusion of mono-functional acrylate in the prepolymerization 
reaction mixture. Specifically, the dielectric relaxation characteristics of a select series of 
UV-polymerized rubbery copolymer networks have been studied: PEGDA 
copolymerized with poly(ethylene glycol) methyl ether acrylate [PEGMEA],
p
[DGEEA]; PPGDA copolymerized with poly(propylene glycol) methyl ether acrylate 
[PPGMEA]; and BPAEDA copolymerized with PEGMEA and PEGA. Details regarding
ve examined the influence of crosslinkin
m
m
 152  
 varying crosslink density on the glass transition temperature and corresponding time-
mperature characteristics of the glass-rubber relaxation.24-31,33 In general, the presence 
f the polymer chains, often leading to an increase in the measured glass transition 
mperature and inhomogeneous broadening of the glass-rubber relaxation.29,30,113 This 
nvironments experienced by the responding 
ipoles and the local constraint imposed by the presence of the crosslinks. As will be 
emonstrated for the non-crystalline networks studied here, the constraints that are 
p nt i
that are 
constrain
confined rcalated nanocomposites.135,136 For the 
PEGDA/PEGMEA and PEGDA/PEGA series, the molecular weights of the acrylate co-
m me
content 
branches
changes erall composition. 
he PEGDA/DGEEA and PPGDA/PPGMEA series, by contrast, have comparatively 
ort (n = 2) pendant groups positioned along the network backbone, and encompass 
omposition with varying co-monomer content. The BPAEDA 
etworks introduce an additional variation to the network structure via the inclusion of a 
te
of high levels of crosslinking in polymeric networks results in a restriction of segmental 
mobility in the vicinity of the crosslink junctions that reduces the conformational freedom 
o
te
broadening reflects the range of relaxation e
d
d
rese n the PEGDA crosslinked polymers lead to dielectric relaxation characteristics 
in many respects analogous to features encountered upon the relaxation of 
ed amorphous segments in crystalline PEO,121 as well as amorphous PEO 
 at the nanometer scale in inte
ono rs were intentionally chosen so as to maintain an approximately constant EO 
in the networks while simultaneously inserting relatively long, flexible PEG 
 into the network architecture; this approach facilitates the interpretation of 
in network dielectric response independent of variations in ov
T
sh
variations in chemical c
n
bulky bisphenol A segment along the crosslinker. The measurement of dielectric response 
for these families of materials provides useful insights as to the effect of crosslinking and 
associated constraints on their sub-glass and glass-rubber relaxation characteristics, and 
how variations in crosslinking influence the static and dynamic properties of the 
networks. 
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 5.2 EXPERIMENTAL 
 
5.2.1 Materials 
 
Poly(ethylene glycol) diacrylate [PEGDA; Mol.Wt. = 700 g/mol], poly(propylene glycol) 
diacrylate [PPGDA; Mol.Wt. = 900 g/mol] and bisphenol A ethoxylate diacrylate 
[BPAEDA; Mol.Wt. = 688 g/mol] crosslinkers were obtained from Aldrich Chemical 
Company (Milwaukee, WI), along with poly(ethylene glycol) methyl ether acrylate 
[PEGMEA; Mol.Wt. = 460 g/mol], poly(ethylene glycol) ether acrylate [PEGA; Mol.Wt. 
= 380 g/mol], di(ethylene glycol) ethyl ether acrylate [DGEEA; Mol.Wt. = 188 g/mol] 
and poly(propylene glycol) methyl ether acrylate [PPGMEA; Mol.Wt. = 202 g/mol]. 1-
hydroxyl-cyclohexyl phenyl ketone [HCPK] initiator was also purchased from Aldrich.  
ll reagents were used as received.     
polymer films were prepared by UV photopolymerization. For the 100% 
iacrylate (i.e., PEGDA, PPGDA or BPAEDA) films, a prepolymer solution comprised 
A
 
The molecular weights of the diacrylate crosslinkers and mono-functional acrylates were 
characterized using proton nuclear magnetic resonance (1H NMR) and fast atom 
bombardment mass spectrometry (FAB-MS) in order to verify the values provided by the 
supplier; complete details of these characterizations have been reported previously.115 
The number-averaged molecular weight for each reactant is indicated by the value of the 
monomeric repeat, n, as discussed in Section 4.2. For all reactants, FAB-MS 
measurements indicated a narrow distribution of molecular weight (polydispersity index 
< 1.10). All 1H NMR and FAB-MS measurements were completed at the University of 
Texas at Austin. 
 
5.2.2 Polymer film preparation 
 
Crosslinked 
d
of the liquid crosslinker and 0.1 wt% HCPK initiator was prepared.  For the copolymer 
series, the appropriate crosslinker and acrylate co-monomer (i.e., PEGMEA, PEGA, 
DGEEA or PPGMEA) were blended in the desired ratio with the initiator. The mixture 
 154  
 was sandwiched between two quartz plates which were separated by spacers to control 
film thickness, and polymerized by exposure to 312 nm UV light in a UV Crosslinker 
(Model FB-UVXL-1000, Fisher Scientific) for 90 seconds at 3 mW/cm2. The solid films 
obtained by this process were three dimensional networks and contained a negligible 
amount of low molecular weight polymer (i.e., sol) that was not bound to the network. In 
order to remove any residual sol or unreacted crosslinker, the films were washed with 
toluene in a Soxhlet extractor (Chemglass) for 1 day. Film thickness for the crosslinked 
networks was approximately 350 µm; the precise thickness for each film was measured 
using a digital micrometer readable to ± 1 µm. 
  
The extent of the polymerization reaction in the crosslinked polymer films was 
determined using FTIR-ATR spectroscopy (Nexus 470 spectrometer from Thermo 
Nicolet, Madison, WI). The reaction of the acrylate double bonds during polymerization 
leads to a decrease in the intensity of sharp peaks at 810 cm-1 (ascribed to the twisting 
vibration of the acrylic CH2=CH bond), at 1410 cm-1 (deformation of the CH2=CH bond) 
and at 1190 cm-1 (acrylic C=O bond).117,137 For all three crosslinkers, FTIR-ATR spectra 
showed essentially complete disappearance of the characteristic double bond peaks, 
indicating that the reaction conversion was close to 100%. All FTIR-ATR measurements 
were completed at the University of Texas at Austin. 
 
PEO films were obtained by solution casting according to the method detailed in a 
previous study.17 PEO powder (3 wt%) was dissolved in distilled water and cast into flat-
bottomed Petri dishes. The incipient films were covered in order to control the rate of 
drying, and were allowed to dry slowly under ambient conditions until a uniform film 
was obtained. All films were then held under vacuum at room temperature until further 
characterization. The thickness of the PEO films was ~ 500 µm. Crystallinity in the films 
was evaluated using differential scanning calorimetry (Perkin-Elmer DSC-7): sample size 
as approximately 10 mg, and a heating rate of 10°C/min was used. w
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 5.2.3 Dielectric Relaxation Spectroscopy 
oscopy measurements were performed using the Novocontrol Concept 
0 broadband dielectric spectrometer (Hundsangen, Germany). In order to ensure the 
(and average molecular weight between crosslinks, Mc) is established 
y the molecular weight of the diacrylate prepolymer: for PEGDA (n = 14), Mc = 688 
 12), Mc = 768 gm/mol. Both networks display very 
milar glass transition temperatures, but the density of the crosslinked PPGDA 
 
Dielectric spectr
4
integrity of electrical contact during measurement, concentric silver electrodes (33 mm 
diameter) were vacuum evaporated on each polymer sample using a VEECO thermal 
evaporation system. Samples were then mounted between gold platens and positioned in 
the Novocontrol Quatro Cryosystem. All samples were rigorously dried under vacuum 
prior to measurement and sample mounting procedures were designed to minimize 
exposure to ambient moisture. Dielectric constant (ε') and loss (ε'') were recorded in the 
frequency domain (0.1 Hz to 1.0 MHz) at discrete temperatures from -150°C to 100°C. 
 
5.3 RESULTS AND DISCUSSION 
 
5.3.1 Properties of crosslinked PEGDA, PPGDA and PEO films 
 
UV photopolymerization of the PEGDA and PPGDA diacrylate crosslinkers, as 
described above, results in amorphous, rubbery polymer networks with essentially 100% 
conversion of the diacrylate end groups as confirmed by FTIR-ATR. An idealized 
schematic of the PEGDA network is shown in Figure 2.1. Characteristics of the cross-
linked networks as determined by calorimetry, dynamic mechanical analysis and density 
measurement are reported in Chapter 4. In these fully-reacted networks, the effective 
crosslink density 
b
gm/mol, while for PPGDA (n =
si
[XLPPGDA] is approximately 10% lower than that of crosslinked PEGDA [XLPEGDA].  
This difference in bulk density is reflected in the estimation of fractional free volume 
(FFV) for the two networks, with FFV = 0.160 for XLPPGDA, and FFV = 0.118 for 
XLPEGDA. Details on the determination of FFV for the networks are provided in 
previous studies.115,138 
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 PEO films prepared by solution casting were characterized using DSC, and showed 
properties close to those previously reported by Lin and Freeman.17 For the samples 
studied here, DSC thermograms indicated a melting peak temperature of 68°C, and a 
percentage crystallinity of ~ 80 wt% based on the 100% crystal heat of fusion reported by 
Wunderlich.139 
 
5.3.2 Dielectric results for XLPEGDA, XLPPGDA, PEO films 
 
Dielectric results for the crosslinked film based on 100% PEGDA are shown in Figure 
1 as dielectric constant (ε') and dielectric loss (ε'') vs. temperature at frequencies 
2 (higher-temperature) relaxations, 
spectively. The strong increase in dielectric loss at low frequencies and high 
ing with the (glass-
bber) α relaxation at the highest frequencies measured. The influence of conduction is 
vident on the far left of each plot, as dielectric loss increases strongly with temperature.  
onduction effects are especially prominent in the PEO sample as the presence of 
5.
ranging from 10 Hz to 0.5 MHz. An expanded plot of dielectric loss at frequencies of 0.1, 
1, and 10 Hz is also provided for the sub-glass region (see inset). The data show two 
apparent dipolar relaxation processes with increasing temperature as evidenced by the 
overlapping, incremental increases in dielectric constant and corresponding peaks in 
dielectric loss. These processes are designated as the β and α relaxations, respectively, 
with the higher-temperature α relaxation corresponding to the large-scale segmental 
motions associated with the glass transition. In the sub-glass region, lower-frequency 
measurements show that the β relaxation is comprised of two distinct processes, which 
are designated as the β1 (lower-temperature) and β
re
temperatures (i.e., above the glass transition) reflects the onset of conduction associated 
with the transport of mobile charge carriers in the rubbery amorphous matrix.99  
 
Figures 5.2 to 5.4 show three-dimensional relaxation contour maps for XLPEGDA, 
XLPPGDA, and crystalline PEO. In each case, the data are plotted as dielectric loss vs. 
temperature vs. frequency. For all three materials, two distinct relaxation processes were 
observed in the sub-glass region (designated as β1 and β2); these relaxations merge with 
increasing frequency, with the combined β process eventually merg
ru
e
C
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 internal crystal boundaries results in local charge blocking and an additional contribution 
 the overall polarization (Maxwell-Wagner-Sillars (MWS) polarization). 
e 
otional processes, with the high-temperature crystalline process typically designated as 
ss processes designated as 
 and γ, respectively.67,96 Recent broadband dielectric measurements reported by Jin et al. 
relaxations, designated 
.121 Based on the characteristics of the relaxation, Jin and coworkers proposed that the 
slow (higher-temperature) process corresponding to normal 
to
 
In order to interpret the dielectric results for the crosslinked networks, it is useful to 
examine previous reports of dielectric relaxation properties for the appropriate 
uncrosslinked analogs, i.e., PEO and poly (propylene oxide) [PPO]. Earlier studies on the 
dielectric and dynamic mechanical relaxation of PEO indicate a total of three relaxation 
processes:120,140-144 a high-temperature local process originating in the crystalline phase, a 
cooperative segmental process occurring in non-crystalline regions and usually correlated 
with the glass transition, and a local low-temperature twisting process, also associated 
with the non-crystalline phase. Various labeling conventions have been adopted for thes
m
the α (or αc) process, and the glass transition and local sub-gla
β
reveal an additional local process situated between the β and γ 
γ'
distinct γ' process corresponds to segmental motions occurring in the crystal-amorphous 
order-disorder transition region, in the vicinity of crystal lamellar surface. For the PEO 
studies reported here (see Figure 5.4), two sub-glass relaxations are also clearly seen, 
with the intermediate transition designated as the β2 relaxation according to the labeling 
convention adopted for the XLPEGDA and XLPPGDA networks. The position of the β2 
relaxation in these PEO data is virtually the same as that reported by Jin et al.  Notably, 
both of the amorphous crosslinked networks also show an intermediate (β2) relaxation.  
The origin of this relaxation in the networks, and its relation to the process observed in 
crystalline PEO, is discussed below. 
 
The dielectric relaxation characteristics of amorphous poly(propylene glycol) and 
poly(propylene oxide) in the glassy and liquid states have been studied by a number of 
investigators.145-153 PPO displays two dielectric relaxation processes in the vicinity of Tg: 
a fast (lower-temperature) process reflecting the segmental motions associated with the 
glass-rubber transition, and a 
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 mode reorientations owing to the presence of a cumulative dipole moment along the 
polymer chain. These relaxations are designated as the α and α' (or αN) processes, 
respectively. In the glassy state, two sub-glass relaxations are detected, designated as the 
γ and β processes.148 In the PPO polymer, the lower-temperature γ relaxation is only 
observed at temperatures below -150°C. A number of dielectric studies have examined 
e influence of molecular weight on the characteristics of the normal mode motions, as 
ns.146,149,151,152 For low-
olecular weight PPG oligomers, the β and α relaxations overlap to a significant degree, 
              
th
well as on the relationship between the β and α relaxatio
m
and a distinct β relaxation is difficult to distinguish. At higher (i.e., polymeric) molecular 
weights, the sub-glass relaxation shifts to shorter relaxation times relative to the α 
process, and a more distinct β peak emerges. In all cases, however, the intensity of the β 
process remains at least one order of magnitude below that of the glass-rubber relaxation.  
Comparison of the β and α peaks for XLPPGDA (Figure 5.3) reveals a similar result with 
respect to relaxation intensity. 
 
For all three materials examined (XLPEGDA, XLPPGDA, PEO), there is considerable 
overlap of the dielectric relaxations in the sub-glass region. In order to objectively 
establish the characteristics of each individual process, the data were fit in the frequency 
domain according to a dual Havriliak-Negami (HN) model:42,154 
 
 ( )∑ ⎥
⎤⎢⎡ ∆+=′′−′=
2
* ki εεεεε
   = ⎥⎦⎢⎣ +1 )(11 k
ba
HN
U kkiωτ                    [5.1] 
software package provided with the Novocontrol dielectric spectrometer. For the sub-
k
 
where εR and εU represent the relaxed (ω → 0) and unrelaxed (ω → ∞) values of the 
dielectric constant for each individual relaxation, ω = 2πf is the frequency, τHN is the 
relaxation time for each process, and a and b represent the broadening and skewing 
parameters, respectively. All curve fits reported here were obtained using the WinFIT 
glass relaxations (β1 and β2), it was observed that satisfactory fits to the dielectric 
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 dispersion could be obtained with the skewing parameter (b) set equal to 1 in all cases; 
this corresponds to the symmetric Cole-Cole form of equation 5.1.98  
 
A representative dual-HN curve fit for XLPEGDA in the β relaxation region is shown in 
Figure 5.5. The data are plotted as dielectric loss vs. frequency at a measurement 
temperature of -78°C. When plotted on this basis, the lower-temperature β1 relaxation 
appears on the right side, and the higher-temperature β2 relaxation appears on the left; the 
individual relaxation fits are indicated by the dashed lines. Dielectric loss data and 
corresponding HN fits for the entire dual-relaxation region are plotted in Figure 5.6.  
Across this range, the overall relaxation intensity is observed to increase with increasing 
temperature, and the relaxations eventually merge at higher temperatures. In the case of 
XLPEGDA, deconvolution of the two relaxations could be reasonably accomplished at 
temperatures up to -62°C. At the higher temperatures shown in Figure 5.6, the influence 
f the glass-rubber (α) relaxation appears at low frequencies. 
 
 comparison of the sub-glass dielectric relaxation response for XLPEGDA, XLPPGDA 
and PEO (-78°C) is shown in Figure 5.7. For each of the three polymers, overlapping β
o
A
esponding to the applied alternating field, and thus 
ill not contribute to the measured dielectric response. In addition, the presence of 
1 
and β2 relaxations are observed. The peak positions (and corresponding relaxation times) 
associated with these transitions are nearly the same in all three materials. When 
comparing the dielectric relaxation intensity associated with these polymers, it is 
necessary to consider the composition of each material, as well as its morphology. In 
crosslinked PEGDA, the network is 100% amorphous (as confirmed previously by DSC 
and X-ray115), in contrast to PEO, which is ~ 80% crystalline. For sub-glass relaxations 
that originate in non-crystalline regions of the PEO polymer, a significant fraction of the 
PEO segments will be incapable of r
w
(―COO―) ester groups at the crosslink junctions in XLPEGDA and XLPPGDA 
increases the overall concentration of dipoles as compared to PEO or PPO, with the 
potential to thereby increase the net dielectric intensity of the observed relaxations.   
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 Examination of the sub-glass relaxation response for XLPEGDA vs. PEO in Figure 5.7 
shows approximately one order of magnitude lower dielectric relaxation intensity for 
crystalline PEO, as compared to XLPEGDA. As discussed above, this difference is 
ttributable largely to the high fraction crystallinity in the PEO polymer, as well as the 
potential additional contribution of the ester dipoles present in the XLPEGDA network.  
However, the respective β
a
ber of factors, perhaps m
tially reorient in response to an applied alternating field.  
olar mass and density for the two crosslinked 
n addition to differences in dipolar concentration, structural factors will 
influence the measured dielectric intensity, as chain conformation constraints and 
possible dipolar cancellations typically lead to relaxation intensities that are well below 
uld be expected based on a full and uncorrelated dipolar r ively 
low intensity of the sub-glass relaxation in XLPPGDA is consistent with the observed 
ielectric response in PPO.148,151,152 Apparently, the presence of the dipolar ester units in 
1 and β2 relaxation times (τMAX = [2πfMAX]-1) are virtually 
identical for both XLPEGDA and PEO, so these motional processes could very well have 
the same or similar molecular origin. 
 
Comparison of the sub-glass relaxations for XLPEGDA vs. XLPPGDA in Figure 5.7 
shows that the relaxation intensity for XLPPGDA is much lower than that observed for 
XLPEGDA (see also Figure 5.2). The intensity of a particular dielectric relaxation 
depends on a num ost fundamentally on the concentration of 
dipoles available that could poten
An accounting of the differences in m
networks indicates that the number of ether linkages in the XLPPGDA network is 70% 
the number present in the XLPEGDA network, and that the XLPPGDA network contains 
81% the number of ―COO― groups present in XLPEGDA. Clearly, these values are not 
sufficient to explain the observed difference in sub-glass relaxation intensity for the two 
networks. I
what wo esponse. The relat
d
the XLPPGDA network does not alter this qualitative result, either when considering the 
relative intensity of the β and α relaxations in XLPPGDA, or when comparing the sub-
glass relaxation intensities in XLPPGDA vs. XLPEGDA. 
 
The application of dual HN curve fits across the sub-glass region provides for the 
determination of dielectric relaxation intensity (∆ε = εR - εU), relaxation time (τHN), and 
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 broadening parameter (a) for the individual β1 and β2 relaxations. Figure 5.8 shows the 
results for XLPEGDA, XLPPGDA, and PEO. For the β1 process, relaxation intensity is 
early independent of temperature, while for the β2 process, ∆ε increases with 
 in PEO was the result of 
environmental asymmetry” between the amorphous phase, which becomes more mobile 
fM
1
XLPEGDA displays an activation energy of 41 kJ/mol, as compared to 32 kJ/mol for the 
n
temperature for XLPEGDA. Examination of the broadening parameter as a function of 
temperature reveals opposing trends for the β1 and β2 relaxations in all three materials.  
For the β1 process, the symmetric dispersion is observed to narrow with increasing 
temperature (i.e., the value of the broadening parameter increases). This result, which 
reflects a narrower distribution of relaxation times with increasing thermal energy, is 
consistent with the trend observed for both sub-glass and glass-rubber transitions in many 
common polymers.155 For the β2 process, however, the relaxation is observed to broaden 
with increasing temperature. This behavior, while unusual, has been reported previously 
for the γ' process in crystalline PEO, a relaxation that was assigned to localized motions 
originating in the crystal-amorphous order-disorder transition region. Jin et al.121 
speculated that the observed broadening of the γ' relaxation
“
with increasing temperature, and the crystalline phase, which remains immobile.  
Consequently, the responding dipoles located in the order-disorder transition region 
experience a more heterogeneous relaxation environment at higher temperatures, leading 
to a broader dispersion. 
 
The time-temperature characteristics for the β1 and β2 relaxations are presented in an 
Arrhenius plot of log( fMAX ) vs. 1000/T(K) in Figure 5.9. For the symmetric sub-glass 
processes, AX was determined directly from the individual HN curve fits. Both the β1 
and β2 transitions show a linear, Arrhenius relationship which is indicative of a local 
relaxation process; this behavior is typical of sub-glass relaxations in amorphous and 
semi-crystalline polymers.  The positions of the β67,132 1 and β2 relaxations in the 
crystalline PEO sample are virtually identical to those reported previously (re: γ and γ' 
processes, respectively ). The apparent activation energies (E121 A) of the individual 
relaxations are reflected in the slope of the data for each material. For the β  relaxation, 
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 comparable process in PEO. In XLPPGDA, the β1 activation energy is also 32 kJ/mol. 
This value is nearly the same as values reported in the literature for the sub-glass 
relaxation in PPO polymer;151,152 relaxation data for PPO reported by Leon et al.151 are 
included in Figure 5.7 for comparison purposes. For the β2 relaxation, the time-
temperature relation for all three materials can be described by a single activation energy, 
EA = 65 kJ/mol. 
 
Examination of the dielectric contour plots in Figures 5.2 to 5.4, as well as the time-
mperature results in Figure 5.9, establishes the similarity in sub-glass relaxation 
nstraint could potentially be 
sponsible for the β2 process encountered in the networks, in the same way that the 
te
behavior for PEO, XLPEGDA, and XLPPGDA. In all three cases, an intermediate “fast” 
relaxation process (β2) is observed with a corresponding relaxation time that is much 
shorter than that associated with the glass transition. As discussed above, dielectric 
studies completed by Jin et al. on PEO show this same intermediate relaxation, the origin 
of which was assigned to non-cooperative motions in the vicinity of the crystal-
amorphous interface.121  It was suggested that the fast process corresponds to a subset of 
segmental motions that, owing to the confinement imposed by the crystalline lamellae, 
assume a more localized character. The resulting dipolar relaxation process, which 
encompasses motions of lesser cooperativity, appears at lower temperature (i.e., shorter 
relaxation time) and with an Arrhenius time-temperature profile more characteristic of a 
local relaxation. An analogy was drawn between the behavior observed in bulk PEO and 
the response of amorphous PEO chains confined between inorganic layers in an 
intercalated nanocomposite.135,136 In a recent publication, Elmahdy and co-workers report 
the emergence of an intermediate “fast” process in PEO/Silicate nanocomposites; the 
intensity of this process, which displays local Arrhenius character, correlates with the 
amount of PEO confined within the intercalated galleries.136 It is conceivable that a 
comparable mechanism is operative in the XLPEGDA and XLPPGDA networks, with the 
constraint imposed by the crosslink junctions extending along the contour of the PEGDA 
or PPGDA bridging groups (see Figure 2.1). This co
re
constraint experienced by the polymer chain segments in the vicinity of the crystal 
surface leads to the observed fast process in PEO. 
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 In the glass transition region, the dielectric spectra show overlap of the β and α relaxation 
processes, as well as the influence of conduction (see Figures 5.2 to 5.4). HN analysis 
was performed across the frequency domain in the vicinity of Tg in order to deconvolute 
the individual dipolar relaxation processes, and to remove the influence of conduction. 
The governing expression in this region is as follows: 
 
                                                                                                                     
      [5.2] 
     
 
where σ0 is the conductivity and ε0 is the vacuum permittivity.  For a pure conduction 
process, N assumes a value of 1.99     
 
Dielectric loss data and corresponding HN curve fits for XLPEGDA in the glass 
transition region are plotted in Figure 5.10. The data are shown with the conduction 
contribution subtracted according to equation 5.2. For all temperatures examined, the 
conduction contribution could be satisfactorily described with a value of N = 1; i.e., ε''cond 
varied consistently with ω-1. The data, and corresponding HN fits, display a strong 
overlap of the β and α r
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parameters according to the following equation:   
 
                                                           [3.19] 
 
 
For the merged sub-glass relaxation (β1 + β2), the skewing parameter (b) was taken as 
equal to 1, so that τβMAX = τβHN. The frequency maxima for the separated α relaxation 
process, fMAX = [2πτMAX]-1, were the basis for the data points plotted in Figure 5.9 
(XLPEGDA and XLPPGDA). In the case of PEO, the combined influence of MWS 
polarization and the strong overlap of the α and β relaxations made it impossible to 
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 reliably separate the data into their constituent dispersions. As a result, the values plotted 
in Figure 5.9 for PEO correspond to fMAX for the merged α + β process, after correction 
for conduction. 
 
Dielectric loss data for XLPPGDA in the α relaxation region are shown in Figure 5.11.  
Since the β relaxation process in this network is very weak as compared to the α process, 
e spectra for XLPPGDA could be fit across the range using a single HN function, with 
the 
th
the corresponding curves as shown. The small influence of the β process, evident at high 
frequencies for the lower-temperature curves shown in Figure 5.11, was removed by 
eliminating those points during the HN fit procedure. The resulting fMAX values, derived 
from the HN fits and equation 3.19, are plotted in Figure 5.9. 
 
Examination of the α relaxation results for XLPEGDA and XLPPGDA in Figure 5.9 
show the relaxations offset to higher temperatures as compared to the experimental 
values for PEO and literature values for PPO,151 respectively; the positive offset for both 
networks is presumably the result of constraints imposed by network connectivity on the 
cooperative motions inherent to the α process. The non-Arrhenius time-temperature 
characteristics of the α relaxation are almost the same for both networks and can be 
described in the vicinity of Tg by the Williams-Landel-Ferry (WLF) equation (see solid 
curves in Figure 5.9).38 The near coincidence of the data points for XLPEGDA and 
XLPPGDA in Figure 5.9 indicates a similar apparent activation energy or dynamic 
fragility associated with underlying segmental motions occurring in both 
networks.43,122 This result may reflect a trade-off between structural differences in the 
two networks, and their inherent free volume. While the motions in XLPEGDA would 
presumably encompass segments that are fairly smooth and compact,44 the fractional free 
volume available for such motions is relatively low. By contrast, reorientations 
encompassing the –CH3 pendant group present in the XLPPGDA repeat unit would 
arguably require greater cooperativity, but motions involving this segment occur in a 
network with higher FFV. The net result appears to be time-temperature α relaxation 
characteristics that are nearly indistinguishable for these two particular networks. 
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 A concise format for the comparison of dispersion characteristics (i.e., relaxation 
intensity, shape) in XLPEGDA and XLPPGDA is the Cole-Cole plot.  Cole-Cole plots of 
ε'' vs. ε' at -34°C are shown in Figure 5.12.  For XLPEGDA, the α and β relaxations are 
broken into their constituent curves according to the HN fits. For the α process, the high-
frequency, asymmetric broadening associated with the HN form is observed, with a 
orresponding value of the skewing parameter, b = 0.54. A similar value was obtained for 
inent in 
XLPEGDA, while it appears only as a small shoulder in the XLPPGDA dispersion.  
ed on the data available for PPO, this latter result is perhaps not unexpected, as the 
b-glass relaxation observed in the PPO polymer is quite weak relative to the glass 
l motions that become faster and less cooperative as 
 result of confinement effects, it is somewhat surprising that the β process does not 
 the case of XLPEGDA, review of the curves in Figure 5.7 indicates a considerably 
to either XLPPGDA or PEO, b th in ute  on 
e basis of the relative intensities of the β2 vs. β1 peaks. The enhancement of the β2 
rocess in XLPEGDA as compared to PEO may reflect an additional contribution by the 
 the relaxation intensity associate
 i
c
XLPPGDA, also at -34°C. The merged sub-glass process is very prom
Bas
su
transition.148,151,152 However, if the “β2” portion of the merged sub-glass process can be 
attributed to some subset of segmenta
a
appear more prominently in the results for the XLPPGDA network. This is particularly 
noteworthy given that the network includes strongly dipolar ester linkages located at the 
crosslink junctions, moieties that could amplify the measured intensity of any segmental 
reorientations originating in the vicinity of the crosslinks. Apparently, while the 
constraint in XLPPGDA is sufficient to produce a measurable “fast” relaxation, the 
underlying motions associated with the β2 process remain limited or strongly coupled, 
such that only a weak dispersion is detected.   
 
In
stronger β2 process compared o absol  terms and
th
p
network ester groups to d with the “fast” segmental 
process, a process that would most likely be sensitive to the character of the crosslink 
junctions and the degree of constraint that they mpose. This added dipolar response 
could provide some explanation for the relative strength of the merged β process as 
shown in Figure 5.12. It is difficult to draw a definitive conclusion in this regard, 
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 however, given the very different relaxation environment present in the amorphous 
XLPEGDA network, as compared to crystalline PEO.  
 
5.3.3 Properties of PEGDA and PPGDA copolymers 
erization of PEGDA with 
ither PEGMEA (n = 8) or PEGA (n = 7) leads to a progressive reduction in Tg, with the 
Dielectric measurements for the PEGDA/PEGMEA and PEGDA/PEGA copolymer 
 have 
 
UV photopolymerization of the PEGDA/PEGMEA, PEGDA/PEGA, PEGDA/DGEEA 
and PPGDA/PPGMEA prepolymerization mixtures led to the formation of amorphous 
rubbery polymer networks with essentially 100% conversion of the acrylate and 
diacrylate end groups as verified by FTIR-ATR.  The calorimetric glass transition 
temperatures (Tg) and fractional free volume values associated with each network series 
have been reported previously (see Chapter 4). The copolym
e
effect appearing more strongly in the PEGDA/PEGMEA copolymers. There is a distinct 
contrast in the fractional free volume trends associated with the two series: FFV in the 
PEGDA/PEGMEA copolymers increases with increasing co-monomer (i.e., branch) 
content, while FFV in the PEGDA/PEGA series decreases with co-monomer content, 
possibly due to the formation of hydrogen bonds involving the –OH terminal group 
present on the PEGA monomer. This difference in free volume characteristics appears to 
be a decisive factor in the resulting gas permeability properties of the networks. For the 
PEGDA/DGEEA copolymers, the Tg of the PEGDA network shows a modest decrease 
upon inclusion of the short DGEEA groups, and the FFV trend is similar to the 
PEGDA/PEGMEA copolymers. However, for the PPGDA/PPGMEA series, Tg is 
independent of copolymer composition, with the short PPGMEA branches having little 
apparent influence on the glass transition properties of the high free volume PPGDA 
networks. Also, FFV in the PPGDA networks increases strongly with co-monomer 
content, and this increase is reflected in systematically higher permeability values.138 
 
5.3.4 Dielectric results for PEGDA/PEGMEA, PEGDA/PEGA copolymers 
 
networks reveal three motional transitions with increasing temperature, and these
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 been labeled as the β1, β2, and α relaxations, respectively. A representative contour plot 
for the PEGDA/PEGMEA copolymer series is shown in Figure 5.13 (50/50 
EGDA/PEGMEA network composition), with dielectric loss (ε'') plotted vs. 
temperature vs. frequency. The observed sub-glass processes merge into a single 
relaxation with increasing frequency, and the combined (β) process eventually merges 
with the (glass-rubber) α process at the highest frequencies measured. The increase in 
dielectric loss at low frequency and high temperature (i.e., on the far left side of Figure 
5.13) reflects the onset of conduction in the rubbery amorphous matrix.
P
e dielectric peak temperature at 95 kHz is 
early independent of composition. In both cases, there is a net increase in the dielectric 
for the resulting copolymer films. This outcome suggests that as the PEGMEA branch 
99  
 
Isochronal plots of dielectric constant (ε') and loss (ε'') for the various PEGDA/PEGMEA 
and PEGDA/PEGA specimens at 95 kHz are shown in Figures 5.14 and 5.15, 
respectively. In each case, the influence of conduction on dielectric loss was subtracted 
by fitting the loss-temperature data to an empirical Arrhenius function over the region 
where the conduction contribution dominates the response. For both series, the chemical 
composition of the films remains virtually unchanged with variations in monomer 
content, and this is reflected by the invariance of the low-temperature, “unrelaxed” value 
of the dielectric constant. Across the PEGDA/PEGMEA series, a negative shift in the α-
relaxation (glass-rubber) peak temperature is observed with increasing acrylate content 
that is consistent with the previously reported DSC and dynamic mechanical (DMA) 
results, while for the PEGDA/PEGA series, th
n
relaxation intensity with increasing acrylate content (i.e., decreasing crosslink density). 
Within the PEGDA/PEGA series, a small reversal in the intensity-composition trend is 
observed for the 30/70 PEGDA/PEGA specimen. 
 
Dielectric loss curves for the PEGDA/PEGMEA copolymers across the sub-glass 
transition region are shown in Figure 5.16; the data are plotted as ε'' vs. temperature at a 
frequency of 1Hz. The curves reveal a strong sensitivity of the β2 relaxation intensity to 
copolymer composition. Increasing the amount of PEGMEA co-monomer in the 
prepolymerization reaction mixture leads to a marked decrease in β2 relaxation intensity 
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 content increases, and the corresponding crosslink density decreases, the overall 
constraint imposed by the crosslink junctions is diminished. Consequently, a smaller 
ortion of the responding segments contribute to the “fast” β2 process. 
ielectric loss (ε'') for the PEGDA/PEGMEA series is plotted versus frequency in 
s is 
duced, this effect becomes weaker (see trend lines in Figure 5.19), a result that is 
o-monomer 
corporation.     
p
 
D
Figure 5.17; the selected temperature (-78°C) corresponds to the mid-range of the sub-
glass transitions. The curves in Figure 5.17 are the result of the dual HN fits. Once again, 
the sensitivity of the β2 relaxation to PEGMEA branch content and degree of crosslinking 
is evident, with the intensity of the β2 relaxation decreasing with increasing co-monomer 
content. As the constraint imposed by the crosslink junctions is loosened, fewer segments 
assume the restricted conformations associated with the β2 process. With less local 
confinement, some portion of the segments originally associated with the β2 process in 
the fully crosslinked (i.e., 100% PEGDA) network adopt a conformation closer to that of 
the amorphous bulk, leading to a less intense β2 relaxation.   
 
The HN parameters for the PEGDA/PEGMEA series are plotted in Figure 5.18 
(relaxation intensity; ∆ε = εR - εU) and Figure 5.19 (breadth), respectively. For both the 
β1 and β2 processes, the relaxation intensity increases with temperature (see Figure 5.18).  
Increasing the co-monomer content leads to a decrease in ∆ε for both dispersions, but the 
drop in intensity is much more pronounced for the β2 relaxation, as discussed above.  
Examination of Figure 5.19 reveals a progressive narrowing of the β1 process as indicated 
by the increase in broadening parameter, which reflects a tighter distribution of relaxation 
times with increasing thermal energy. The β2 process, however, shows an overall 
broadening with increasing temperature that appears to be characteristic of this 
constrained relaxation. It is notable that as the PEGMEA content in the network
re
consistent with the reduction in crosslink constraint at higher levels of c
in
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 The sub-glass relaxation results for the PEGDA/PEGA copolymer series are presented in 
Figure 5.20 (ε'' versus frequency at -78°C). Across this series of specimens, the influence 
of copolymer composition on relaxation intensity is not as strong as in the 
PEGDA/PEGMEA samples. For the PEGDA/PEGA copolymers, the introduction of 
PEGA branches leads to a reduction in FFV, possibly due to the formation of hydrogen 
bonds involving the –OH groups located at the ends of the PEGA segments. While the 
incorporation of the PEGA co-monomer produces a decrease in overall crosslink density 
in the networks, the potential for interactions involving the branch ends results in the 
ersistence of a significant degree of motional constraint. Accordingly, only a modest 
00% PEGDA) to 33 kJ/mol (30/70 
EGDA/PEGMEA). The activation energy for the β2 process is approximately constant 
p
decrease in the intensity of the β2 relaxation with co-monomer content is observed for the 
PEGDA/PEGA series of copolymers. 
 
The time-temperature characteristics of the β1 and β2 dispersions in PEGDA/PEGMEA 
and PEGDA/PEGA are presented via Arrhenius plots of log( fMAX ) vs. 1000/T(K) in 
Figure 5.21.  For the symmetric sub-glass processes, fMAX was determined directly from 
the individual HN curve fits, with fMAX = [2πτMAX]-1. Both the β1 and β2 relaxations 
display a linear, Arrhenius time-temperature relationship that is consistent with a local 
relaxation process. The positions of the β1 and β2 relaxations are nearly independent of 
copolymer composition, with a slightly greater spread in the data evident across the 
PEGDA/PEGMEA series. For the PEGDA/PEGA copolymers, the apparent activation 
energies (EA) associated with the β1 and β2 processes are essentially the same as 
previously reported for the 100% XLPEGDA network: EA(β1) = 41 kJ/mol, and EA(β2) = 
65 kJ/mol (see Section 5.3.2). In the PEGDA/PEGMEA polymers, the activation energy 
for the β1 process ranges from 41 kJ/mol (1
P
at 65 kJ/mol. 
 
Dielectric loss data (-30°C) and corresponding HN curve fits for the PEGDA/PEGMEA 
and PEGDA/PEGA copolymer series are plotted versus frequency in Figures 5.22 and 
5.23, respectively. The data are shown with the conduction contribution removed 
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 according to equation 5.2: for all specimens, the conduction exponent N ~ 1, which is 
consistent with an ideal conduction process in the amorphous networks.99  
 
Examination of the PEGDA/PEGMEA glass-rubber (α) relaxation in Figure 5.22 
A/PEGMEA networks.124 It 
 feasible that a small amount of crystallinity is present in the 30/70 PEGDA/PEGMEA 
above 
er (i.e., intensities for the 30/70 
GA sample are lower than those for the 50/50 network). This behavior may 
reflect competing structural factors that influence the net dielectric response. Although 
the overall chemical constitution of the PEGDA networks remains constant across each 
indicates a strong shift in the relaxation maximum to higher frequencies (i.e., shorter 
relaxation times) that is consistent with the observed negative offset in Tg with increasing 
PEGMEA content (see Table 4.3). At lower crosslinker contents, there is extensive 
overlap between the relaxations owing to the shift in the α relaxation to higher 
frequencies. For the 30/70 PEGDA/PEGMEA specimen, a very broad relaxation curve is 
obtained at -30°C. PEGDA/PEGMEA networks with high levels of PEGMEA content 
and correspondingly low crosslink densities have a tendency to crystallize. Previous 
DMA scans on the 30/70 PEGDA/PEGMEA network, for example, display cold 
crystallization just above Tg (see Figure 4.12); a small degree of cold crystallization has 
also been detected in DSC scans on lightly crosslinked PEGD
is
specimen examined via dielectric spectroscopy, evolving either during the initial cooling 
of the specimen, or possibly as cold crystallization in the course of measurements just 
Tg.  The presence of crystallinity would be expected to subject the responding 
chains segments to additional constraint, shifting the glass transition to higher 
temperatures (i.e., lower frequencies) and broadening the relaxation.132 Both effects 
appear to be evident in the 30/70 PEGDA/PEGMEA dispersion recorded at -30°C. 
 
The dielectric loss curves for the PEGDA/PEGA series (-30°C; see Figure 5.23) show a 
somewhat clearer separation between the α and β relaxations across the series of 
copolymer specimens:  in this case, the position of the α relaxation is less sensitive to 
composition, resulting in a lower degree of α-β overlap at higher PEGA co-monomer 
content. The intensity of both the α and β dispersions increases with increasing PEGA, 
although this trend reverses for the 30/70 copolym
PEGDA/PE
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 series, decreasing crosslink density correlates with an increase in the measured dielectric 
intensity, most likely due to increased mobility of the (−COO−) ester linkages located at 
the crosslink junctions. However, in the case of the 30/70 PEGDA/PEGA sample, the 
large number of −OH terminated PEGA branches, and the potential formation of 
hydrogen bonds involving these terminal groups, may be responsible for a decrease in 
dipolar mobility as compared to the 50/50 PEGDA/PEGA copolymer.  The result, as seen 
in Figure 5.23, is a net reduction in dielectric intensity, driven primarily by a decrease in 
the strength of the α relaxation response. 
 
The peak maxima associated with the α and β relaxations were determined across a range 
of temperatures in the vicinity of the glass transition (-14°C to -50°C, depending on 
omposition). The results for the α relaxation are plotted as fMAX = [2πτMAX]-1 versus 
EA copolymers are diverse in nature as compared to the PEGDA 
opolymers discussed earlier, owing to the relatively short length of the pendant group 
contour plot (see Figure 5.24) of dielectric loss (ε'') vs. temperature vs. frequency for the 
c
reciprocal temperature in Figure 5.21, where τMAX was determined from the individual 
HN curve fits according to equation 3.19. For the PEGDA/PEGMEA and PEGDA/PEGA 
series, the α relaxation displays time-temperature characteristics that are consistent with a 
cooperative reorientation response, and which can be described by the Williams-Landel-
Ferry (WLF) relation (see solid curves in Figure 5.21).38 In both cases, the relative 
position of the relaxation curves, which shift to higher values of reciprocal temperature 
with decreasing crosslinker content, are consistent with the glass transition results 
measured by DMA and DSC (see Table 4.3). The offset in the curves is more pronounced 
for the PEGDA/PEGMEA polymers, in direct correspondence to the data presented in 
Table 4.3.   
 
5.3.5 Dielectric results for PEGDA/DGEEA copolymers 
 
PEGDA/DGE
c
and varying chemical composition with monomer content. However, dielectric 
measurements for the PEGDA/DGEEA copolymer networks indicate an overall 
relaxation trend similar to the above-mentioned PEGDA copolymers. A representative 
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 60/40 PEGDA/DGEEA copolymer composition exhibits two sub-glass (β1 and β2) 
transitions that initially merge together and eventually join the glass-rubber (α) relaxation 
t higher frequencies. The appearance of the β1 and β2 transitions over the same 
2 
he sub-glass HN parameters for the PEGDA/DGEEA series are plotted as relaxation 
a
temperature and frequency range as observed for the other PEGDA copolymers suggests 
that the origin for these motional transitions remains unchanged.  
 
Dielectric loss (ε'') versus frequency data for the PEGDA/DGEEA series at -78°C are 
shown in Figure 5.25; the solid lines are dual HN curve fits. The intensity of the β2 
relaxation decreases strongly with increasing DGEEA monomer content; this trend was 
also observed for the PEGMEA series (see Figure 5.17). The result reflects a reduction in 
the overall constraint imposed by the crosslink junctions with increasing branch content 
and corresponding decrease in the effective crosslink density. However, a reversal in the 
trend is observed for the PEGDA/DGEEA copolymer containing the highest DGEEA 
content (i.e., 50/50 PEGDA/DGEEA, see Figure 5.25). This behavior suggests that as the 
DGEEA content is increased beyond a certain level, the increasing overall dipolar content 
(via increase in the carbonyl linkages) leads to a net increase in the intensity of the β2 
relaxation. A similar, more pronounced effect has been observed in dielectric relaxation 
studies conducted on PEGDA networks prepared with shorter branch, –OH terminated 
acrylate monomer.126 The insertion of –OH groups adds to the dipoles associated with the 
constrained regions, resulting in an amplified dielectric response for the β relaxation.        
 
T
intensity (∆ε) and breadth versus temperature in Figures 5.26 and 5.27, respectively. ∆ε 
for both dispersions decreases with increasing amounts of the co-monomer, the effect 
being more pronounced for the β2 transition, as noted above. The broadening parameter 
(see Figure 5.27) follows a trend similar to the PEGDA/PEGMEA series of networks, 
with higher DGEEA content resulting in a successive narrowing of the β1 relaxation 
accompanied by a characteristic broadening of the constrained β2 transition. Here again, 
the degree of broadening for the β2 transition decreases with the co-monomer content, 
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 reflecting a reduction in the effective crosslink constraint with decreasing crosslink 
density (see trend lines in Figure 5.27).  
 
The time-temperature characteristics of both the glass-rubber (α) and sub-glass (β1 and 
β2) dispersions are reported via Arrhenius plots of log( fMAX ) vs. 1000/T(K) in Figure 
5.28. The sub-glass relaxations follow a linear, Arrhenius time-temperature relationship, 
as expected for a local relaxation process. The positions of both the β1 and β2 relaxations 
seem to be influenced by the copolymer composition, with the spread in data more 
ronounced for the β2 transition. The apparent activation energies (EA) evaluated for both 
 (α) relaxation in Figure 5.29 reveals a modest shift in the relaxation 
aximum to higher frequencies, consistent with the corresponding decrease in Tg with 
reases strongly with increasing 
GEEA content, a trend that is most likely driven by the increased population of 
p
sub-glass processes remain essentially the same as that observed for 100% XLPEGDA: 
EA(β1) ranges from 41 kJ/mol (100% PEGDA) to 39 kJ/mol (50/50 PEGDA/DGEEA), 
with EA(β2) varying from 65 kJ/mol to 58 kJ/mol. The glass-rubber (α) dispersion was 
successfully described via the WLF equation,38 consistent with the response of a large-
scale, cooperative relaxation (see solid curves in Figure 5.28). The curves show a modest 
positive offset to higher values of reciprocal temperature with decreasing crosslinker 
content. This is consistent with the observed decrease in Tg determined via DMA and 
DSC scans (see Table 4.5).              
 
Dielectric loss data for the PEGDA/DGEEA series at -30°C are plotted versus frequency 
in Figure 5.29. The solid curves represent the HN curve fits after conduction removal, as 
per the method described in the previous section. Examination of the PEGDA/DGEEA 
glass-rubber
m
increasing DGEEA. The intensity of the α relaxation inc
D
(−COO−) ester linkages at higher levels of DGEEA copolymerization. The overlapping β 
relaxation displays a sharp drop in intensity for the 80/20 PEGDA/DGEEA copolymer, 
followed by an increase for higher co-monomer contents. This behavior may reflect 
competing effects due to the increase in dipolar content via increase in the carbonyl 
linkages, as well as a correspondingly less restrictive motional environment in the 
vicinity of the crosslink junctions.                    
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 5.3.6 Dielectric results for PPGDA/PPGMEA copolymers 
 
The PPGDA/PPGMEA rubbery copolymer networks, based on the monomers shown in 
Figures 3.1 and 3.2, differ from the PEGDA series in a number of respects: (i), the 100% 
crosslinked network, XLPPGDA, encompasses a much higher degree of fractional free 
olume as compared to XLPEGDA; (ii) the PPGMEA co-monomer molecular weight is 
easurements on this system.138  
and PEO. The β2 relaxation in XLPPGDA and its copolymers likely has the same 
underlying origin as the β2 process observed in the PEGDA copolymers, and would 
v
relatively low, such that much shorter pendant branches (n = 2) are inserted into the 
network; and (iii) the introduction of PPGMEA co-monomer to the reaction mixture 
results in a change in the chemical composition of the network, with increasing PPGMEA 
content leading to an increase in the relative population of (−COO−) linkages. Isochronal 
plots (120 kHz) of dielectric constant and loss for the PPGDA/PPGMEA specimens are 
shown in Figure 5.30. Increasing amounts of PPGMEA in the copolymers leads to an 
increase in the intrinsic polarizability of the networks, as manifested by an increase in the 
low-temperature value of the dielectric constant, εU (see Figure 5.30(a)). The dielectric 
loss data display a weak sub-glass (β) relaxation, and the intensity of the glass-rubber (α) 
relaxation increases systematically with increasing PPGMEA content owing to both an 
increase in the number of (−COO−) ester moieties present in the network, as well as a 
likely increase in dipolar mobility with increasing fractional free volume. However, there 
is little variation in the dielectric peak temperature associated with the glass transition; a 
similar result was obtained in the course of calorimetric and dynamic mechanical 
m
 
Figure 5.31 shows dielectric loss plotted versus frequency for the PPGDA/PPGMEA 
series in the sub-glass transition range (-78°C). For XLPPGDA and the PPGDA-based 
copolymers, the intensities of the sub-glass transitions are much weaker than those 
encountered in PEGDA, and this is consistent with the character of the sub-glass process 
observed in uncrosslinked PPO polymer; 148,151,152 see the discussion in Section 5.3.2.  
Two distinct sub-glass transitions are evident in the PPGDA copolymer networks, with 
the position of the β2 process quite close to the “fast” relaxations observed in XLPEGDA 
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 presumably display a comparable sensitivity to copolymer composition and the 
corresponding degree of constraint imposed by the network junctions. Examination of 
igure 5.31 reveals that the relative intensity of the β2 process is diminished with 
P
a single HN function. Representative dielectric loss 
ata (-30°C) and the corresponding HN curve fits for these polymers are plotted versus 
F
decreasing crosslinker content, in a manner similar to that observed for the 
EGDA/PEGMEA and PEGDA/PEGA series: as the overall network structure is 
loosened, fewer segments adopt conformations that contribute to the “fast” relaxation 
response. Unfortunately, the strong degree of overlap between the β1 and β2 dispersions 
makes it difficult to reliably determine the HN broadening parameters associated with the 
individual relaxations at lower PPGDA content. However, for the 100% XLPPGDA 
network, the HN broadening parameter for the β2 relaxation displays the same trend with 
temperature that was observed for PEO and the PEGDA copolymers, and which is 
consistent with the β2 process originating at the constrained crosslink junctions (see 
Figure 5.8).  
 
Owing to the relatively weak intensity of the sub-glass processes in the 
PPGDA/PPGMEA copolymers, the dielectric spectra for these materials can be fit in the 
range of the glass transition using 
d
frequency in Figure 5.32. HN best-fits in the glass transition region were used to 
establish the value of τMAX for each copolymer as a function of temperature. The time-
temperature characteristics of the PPGDA/PPGMEA networks can be compared by the 
construction of cooperativity or fragility plots, which are normalized Arrhenius plots 
wherein relaxation time (τMAX/τα) is plotted versus reciprocal temperature (Tα/T).29,43 In 
this context, Tα is the glass transition temperature, and τα is the relaxation time associated 
with Tα. For the dielectric measurements reported here, the convention adopted defines 
Tα as the transition temperature associated with a value of the relaxation time, τα = 1 sec.  
The cooperativity plots for XLPPGDA and its copolymers are presented in Figure 5.33, 
wherein the solid curves correspond to WLF fits to the data. The apparent activation 
energy for the individual networks can be determined by evaluating the slope of each data 
curve at T = Tα. For the 100% PPGDA network, an apparent activation EA = 310 kJ/mol 
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 is obtained from the dielectric data, which is very close to the value determined from 
MA measurements where Tα was assigned to the dynamic mechanical peak temperature 
version, as verified by FTIR-ATR studies. The 100% 
PAEDA [XLBPAEDA] network has a lower value of molecular weight between 
D
at 1 Hz. Across the PPGDA/PPGMEA copolymer series, a progressive decrease in 
apparent activation energy is observed with decreasing crosslink density:  this trend is 
consistent with previous DMA results for the PEGDA and PPGDA copolymers (see 
Chapter 4), and has been reported in the literature for other crosslinked homopolymer 
systems.25,29,30 For the PPGDA/PPGMEA dielectric data reported here, an apparent 
activation energy EA = 280 kJ/mol is obtained for the 80/20 copolymer composition, and 
an EA value of 250 kJ/mol is obtained for the 50/50, 30/70 and 9/91 PPGDA/PPGMEA 
copolymers. The introduction of PPGMEA into the network leads to a reduction in the 
cooperativity inherent to the glass transition with decreasing effective crosslink density. 
The net impact of copolymerization with the acrylate co-monomer is an overall increase 
in fractional free volume and a decrease in the degree of constraint imposed by the 
crosslink junctions, such that less segmental cooperation is required across the glass-
rubber relaxation. 
 
5.3.7 Properties of crosslinked BPAEDA and copolymers 
 
UV photopolymerization of BPAEDA crosslinker and copolymer mixtures with 
PEGMEA and PEGA monomers led to highly crosslinked amorphous networks with 
essentially complete acrylate con
B
crosslinks (Mc = 634 g/mol) as compared to XLPEGDA (Mc = 688 g/mol), resulting in a 
somewhat more constrained network. Also, the presence of shorter lengths of ethylene 
oxide (EO) segments (8, as compared to 14 in PEGDA), along with bulky phenyl rings 
within the bridging group, reduces the overall chain mobility. This manifests itself via a 
relatively high Tg for the XLBPAEDA network in comparison to XLPEGDA, as verified 
by DMA and DSC scans (see Tables 4.3 and 4.7). Introduction of flexible PEGMEA or 
PEGA chains into the BPAEDA network results in a substantial decrease in Tg for both 
the BPAEDA/PEGMEA and BPAEDA/PEGA series. The BPAEDA/PEGA series tends 
to show higher Tg values as compared to the BPAEDA/PEGMEA copolymer networks, 
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 possibly due to the –OH terminal group on PEGA resulting in additional hydrogen 
bonding (see Table 4.7).        
 
5.3.8 Dielectric results for crosslinked BPAEDA and copolymers 
 
Dielectric results for the XLBPAEDA network are shown in a three-dimensional contour 
plot of dielectric loss (ε'') vs. temperature vs. frequency in Figure 5.34. Similar to the 
100% PEGDA network (see Figure 5.2), the XLBPAEDA network exhibits three 
motional transitions: two local sub-glass (β1 and β2) dispersions and the glass-rubber (α) 
relaxation. The influence of conduction is stronger within the XLBPAEDA network, and 
it overlaps with the α relaxation at higher temperatures and lower frequencies.  
 
A plot of dielectric loss (ε'') versus frequency in the sub-glass transition region for 
LBPAEDA is shown in Figure 5.35; the solid curves represent dual HN fits. Both β1 X
and β2 dispersions show an increase in intensity with temperature, along with a 
progressive merging of the two relaxations. For XLBPAEDA, the two relaxations can be 
reasonably deconvoluted to as high as -54°C. At the lower frequencies and higher 
temperatures, the dielectric loss data shows an upward trend, indicating the emergence of 
the cooperative, glass-rubber (α) relaxation.  
 
Dielectric results for the BPAEDA/PEGMEA and BPAEDA/PEGA copolymers are 
plotted as dielectric constant (ε') and dielectric loss (ε'') versus temperature in Figures 
5.36 and 5.37, respectively; the loss data were corrected for conduction via an Arrhenius 
function applied over the conduction dominant region. The position of the loss maxima 
(i.e., α relaxation peak temperatures) for both series exhibits a significant negative shift 
with increasing acrylate content, a trend consistent with prior DMA and DSC studies (see 
Table 4.7). Increasing the co-monomer content reduces the effective crosslink density of 
the XLBPAEDA network, and this is manifested in a corresponding increase in the 
dielectric relaxation intensity (see Figures 5.36 and 5.37).              
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 Figures 5.38 and 5.39 present dielectric loss data in the sub-glass region (-70°C) for the 
BPAEDA/PEGMEA and BPAEDA/PEGA copolymer series, respectively. In both cases, 
examination of the β2 dispersion intensity reveals an initial drop, followed by an increase 
in the relaxation intensity with increasing acrylate content. This trend is in contradiction 
to that observed for the model PEGDA copolymer systems (see Figures 5.17 and 5.20). 
However, the behavior is consistent with copolymer networks that vary in chemical 
constitution upon inclusion of acrylate monomers with short branches; for example, as 
observed for the PEGDA/DGEEA series (see Figure 5.25). The upward trend in the β2 
peak intensity is more pronounced and appears at lower branch concentrations for the 
BPAEDA/PEGA series as compared to BPAEDA/PEGMEA; see Figure 5.40. This can 
be attributed to the presence of the –OH terminal group on the PEGA monomer, resulting 
in additional dipolar content and a stronger net response.      
 
5.4 CONCLUSIONS 
 
The relaxation characteristics of amorphous homopolymer networks based on the UV 
have been investigated using 
roadband dielectric spectroscopy. These polymers, and related copolymer networks, 
photopolymerization of PEGDA and PPGDA crosslinkers 
b
display high CO2 permeability and favorable CO2/light gas selectivity, and have been 
identified as promising membrane materials for the separation of mixtures comprised of 
CO2 and light gases such as H2 or CH4. Dielectric measurements on the XLPEGDA and 
XLPPGDA networks reveal the emergence of a “fast”, non-cooperative segmental 
relaxation located intermediate to the sub-glass and glass-rubber processes traditionally 
reported for PEO and PPO. This fast process appears to be analogous to an intermediate 
relaxation detected previously in crystalline PEO,121 a result that was confirmed by 
independent experimental studies on PEO films.  In the case of PEO, it was proposed by 
Jin et al. that the fast process was the result of segmental constraint in the crystal-
amorphous transition region. Owing to the limited conformational freedom of the 
polymer chain segments in this region, a more localized, largely non-cooperative process 
emerges, apparently as a subset of the cooperative segmental motions that constitute the 
glass transition. The dielectric relaxation characteristics of XLPEGDA and XLPPGDA 
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 are similar in many respects to those encountered in PEO, suggesting that a comparable 
constraint or confinement mechanism could be responsible for the detection of a fast 
gmental relaxation process in the crosslinked networks. The appearance of this 
 a sufficient level of 
hemical or physical constraint, as it is observed in the amorphous XLPEGDA and 
orks are 
nsitive to the details of the network architecture, including branch length and the nature 
egmental reorientations originating in the 
icinity of the crosslink junctions. The measured intensity of the β2 process decreased 
ity increased strongly 
ith co-monomer content across the glass transition region owing to the increase in the 
number of (−COO−) ester dipoles present along the network backbone.  Normalized 
se
additional process may be a general phenomenon in systems with
c
XLPPGDA crosslinked networks, crystalline PEO, and in dielectric studies on PEO 
nanocomposites. 
 
Similar dielectric relaxation studies have been undertaken to investigate the relaxation 
characteristics of amorphous copolymer networks based on the PEGDA and PPGDA 
crosslinkers. The glass-rubber and sub-glass relaxation processes in these netw
se
and character of the branch end groups. For the PEGDA-based networks, the inclusion of 
acrylate co-monomer in the prepolymerization reaction mixture and corresponding 
insertion of flexible branch groups in the resulting crosslinked networks led to a decrease 
in the measured glass-rubber relaxation temperature and an overall increase in dielectric 
relaxation intensity with reduced crosslink density. In both the PEGDA- and PPGDA-
based networks, the intermediate (β2) sub-glass relaxation was observed, and was 
attributed to a subset of non-cooperative s
v
with increasing co-monomer content owing to a loosening of the constraint imposed by 
the network junctions at lower effective crosslink density. A characteristic broadening of 
the β2 relaxation was observed with increasing temperature that reflected the contrasting 
mobility of the flexible and constrained regions of the network; this distinctive 
broadening behavior was less pronounced in the copolymers containing lower degrees of 
crosslinking. Also, a reversed trend was observed in the measured intensity of the β2 
relaxation for the short-branched PEGDA/DGEEA series, an effect that can be attributed 
to increased overall dipolar carbonyl content at higher levels of acrylate co-monomer. For 
the short-branched PPGDA networks, dielectric relaxation intens
w
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 cooperativity plots indicated a progressive decrease in the dynamic fragility of the 
networks (i.e., lower apparent activation energy with decreased crosslink density), a 
result that was consistent with previous dynamic mechanical studies. 
 
Dielectric relaxation measurements have been performed on crosslinked BPAEDA and 
copolymer networks with PEGMEA and PEGA co-monomers. These networks 
experience a higher Tg as compared to the PEGDA-based networks owing to a shorter 
and bulkier bridging group. The copolymer networks exhibit a significant drop in Tg with 
increasing co-monomer content as a result of the inherent flexibility of the PEGMEA and 
PEGA species. Similar to the short branched DGEEA networks, the measured intensity of 
the β2 relaxation for the BPAEDA copolymer networks exhibits an increase with 
increasing acrylate content. The effect is more pronounced for the –OH terminated PEGA 
opolymer series where additional dipolar content further amplifies the dielectric c
response.          
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Figure 5.1: Dielectric constant (ε') and loss (ε'') vs. temperature for XLPEGDA; selected 
frequencies from 10 Hz to 0.5 MHz. Inset: expanded view of dielectric loss across the 
sub-glass region at 0.1, 1, and 10 Hz. 
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Figure 5.2: Contour plot of dielectric loss (ε'') vs. temperature (°C) vs. frequency (Hz) 
for XLPEGDA network. 
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Figure 5.3: Contour plot of dielectric loss (ε'') vs. temperature (°C) vs. frequency (Hz) 
for XLPPGDA network. 
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Figure 5.4: Contour plot of dielectric loss (ε'') vs. temperature (°C) vs. frequency (Hz) 
for PEO network. 
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it; dashed curves are individual HN fits for the β1 and β2 relaxations. 
 
 
 
Figure 5.5: Dielectric loss (ε'') vs. frequency (Hz) for XLPEGDA at -78°C.  Solid curve 
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Figure 5.6: Dielectric loss (ε'') vs. frequency (Hz) for XLPEGDA; temperatures from -
98°C to -62°C at 4°C intervals. Solid curves are dual HN fits. 
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Figure 5.7: Dielectric loss (ε'') vs. frequency (Hz) for XLPEGDA, XLPPGDA and PEO 
at -78°C. Solid curves are dual HN fits. 
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Figure 5.8:
tem
 HN curve fit parameters for XLPEGDA, XLPPGDA and PEO vs. 
perature (°C). (a) relaxation intensity; (b) HN broadening parameter. 
-100 -90 -80 -70 -60
R
el
ax
at
io
n 
In
te
ns
ity
 (∆
ε )
0.0
0.2
0.4
0.6
0.8
1.0
1.2
1.4
β1 filled symbols
β2 unfilled symbols
-100 -90 -80 -70 -60
B
ro
ad
en
in
g 
P
ar
am
et
er
0.2
0.3
0.4
0.5
0.6
β2
β1
XLPEGDA
PEO
XLPPGDA
(a)
(b)
Temperature (°C)
 189  
  
 
 
 
 
 
 
   
1000/T(K)
3.5 4.0 4.5 5.0 5.5 6.0
f M
A
X
 (H
z)
10-2
10-1
100
101
102
103
104
105
106
α
(α+β)PEO β1
β2
PPO (re: Leon et al.)
XLPEGDA
PEO
XLPPGDA
Figure 5.9: Arrhenius plot of fMAX (Hz) vs. 1000/T(K) for XLPEGDA, XLPPGDA and
PEO. Dashed lines correspond to data for PPO polymer (see ref. 151). 
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Figure 5.10: Dielectric loss (ε'') vs. frequency (Hz) for XLPEGDA; temperatures from -
38°C to -14°C at 4°C intervals. Data are corrected for conduction contribution according 
to equation 5.2. Solid curves are dual HN fits. 
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Figure 5.11: Dielectric loss (ε'') vs. frequency (Hz) for XLPPGDA; temperatures from -
34°C to -6°C at 4°C intervals. Solid curves are HN fits. 
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Figure 5.12: Cole-Cole plots of dielectric loss (ε'') vs. dielectric constant (ε') for 
XLPEGDA and XLPPGDA at -34°C. Solid curve is HN best fit. HN fit parameters (a,b) 
for the glass-rubber relaxation are as indicated. 
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  Contour plot of dielectric loss (ε'') vs. temperature (°C) vs. frequency (Hz) 
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Figure 5.13:
for 50/50 (wt%) PEGDA/PEGMEA network. 
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Figure 5.14: Dielectric properties of PEGDA/PEGMEA copolymer networks: (a) 
ielectric constant (ε'); (b) dielectric loss (ε'') vs. temperature. Frequency of 95 kHz.  
ielectric loss data corrected for conduction. 
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Figure 5.15: Dielectric properties of PEGDA/PEGA copolymer networks: (a) dielectric 
onstant (ε'); (b) dielectric loss (ε'') vs. temperature. Frequency of 95 kHz. Dielectric loss 
ata corrected for conduction. 
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Figure 5.16: Dielectric loss (ε'') vs. temperature for PEGDA/PEGMEA copolym
networks across the sub-glass transition region. Frequency of 1 Hz. 
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Figure 5.17: Dielectric loss (ε'') vs. frequency for PEGDA/PEGMEA copoly
networks at -78°C. Solid curves are dual HN fits. 
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Figure 5.18: Dielectric relaxation intensity (∆ε; determined from HN fits) vs. 
temperature for PEGDA/PEGMEA copolymer networks. β1 and β2 sub-glass transitions. 
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Figure 5.19: Havriliak-Negami [HN] broadening parameter vs. temperature for 
PEGDA/PEGMEA copolymer networks. β1 and β2 sub-glass transitions. 
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Figure 5.20: Dielectric loss (ε'') vs. frequency for PEGDA/PEGA copolymer networks at 
-78°C. Solid curves are dual HN fits.   
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Figure 5.21: Arrhenius plot of fMAX (Hz) vs. 1000/T(K): (a) PEGDA/PEGMEA 
opolymer networks; (b) PEGDA/PEGA copolymer networks. c
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Figure 5.22: Dielectric loss (ε'') vs. frequency for PEGDA/PEGMEA copolym
networks at -30°C. Data are corrected for conduction contribution according to Equation
5.2. Solid curves are dual HN fits. 
 
er 
 
 
 
 
 
 
 
 203  
  
 
 
 
 
Figure 5.23: Dielectric loss (ε′′) vs. frequency for PEGDA/PEGA copolymer networks at 
-30°C. Data are corrected for conduction contribution according to Equation 5.2. Solid 
curves are dual HN fits. 
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Figure 5.24: Contour plot of dielectric loss (ε'') vs. temperature (°C) vs. frequency (Hz) 
for 60/40 (wt%) PEGDA/DGEEA copolymer network. 
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. frequency for PEGDA/DGEEA copolymer networks 
t -78°C. Solid curves are dual HN fits. 
 
 
 
 
 
 
 
Figure 5.25: Dielectric loss (ε'') vs
10-2 10-1 100 101 102 103 104 105 106 107
D
ie
le
ct
ric
 L
os
s 
(ε''
) 
0.00
0.05
0.10
0.15
0.20
0.25
PEGDA
80/20 PEGDA/DGEEA
60/40 PEGDA/DGEEA
50/50 PEGDA/DGEEA
-78°C
β2
β1
Frequency (Hz)
a
 
 
 
 
 
 206  
  
 
 
 
-100 -95 -90 -85 -80 -75 -70
R
el
ax
at
io
n 
In
te
ns
ity
 (∆
ε )
0.2
0.4
0.6
0.8
1.0
1.2
1.4
β2
Temperature (°C)
-100 -95 -90 -85 -80 -75 -70
0.2
0.4
0.6
0.8
1.0
1.2
1.4
PEGDA
80/20 PEGDA/DGEEA
60/40 PEGDA/DGEEA
50/50 PEGDA/DGEEA
β1
 
 
 
Figure 5.26: Dielectric relaxation intensity (∆ε; determined from HN fits) vs. 
temperature for PEGDA/DGEEA copolymer networks. β1 and β2 sub-glass transitions. 
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Figure 5.27: Havriliak-Negami [HN] broadening parameter vs. temperature for 
PEGDA/DGEEA copolymer networks. β1 and β2 sub-glass transitions. 
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Figure 5.29: Dielectric loss (ε'') vs. frequency for PEGDA/DGEEA copolymer networks 
at -30°C. Solid curves are dual HN fits. 
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Figure 5.30: Dielectric properties of PPGDA/PPGMEA copolymer networks: (a) 
ielectric constant (ε′); (b) dielectric loss (ε′′) vs. temperature. Frequency of 120 kHz. d
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Figure 5.31: Dielectric loss (ε′′) vs. frequency for PPGDA/PPGMEA copolymer 
etworks at -78°C. Solid curves are dual HN fits.   n
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igure 5.32: Dielectric loss (ε′′) vs. frequency for PPGDA/PPGMEA copolymer 
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Figure 5.33: Cooperativity plots of τ/τα vs. Tα/T for PPGDA/PPGMEA copolym
networks.  Solid curves are WLF fits. 
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igure 5.34: Contour plot of dielectric loss (ε'') vs. temperature (°C) vs. frequency (Hz) 
r XLBPAEDA network. 
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Figure 5.35: Dielectric loss (ε'') vs. frequency (Hz) for XLBPAEDA; temperatures from 
8°C to -54°C at 4°C intervals. Solid curves are dual HN fits. -9
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Figure 5.36: Dielectric properties of BPAEDA/PEGMEA copolymer networks: (a) 
ielectric constant (ε'); (b) dielectric loss (ε'') vs. temperature.  Frequency of 120 kHz.  
ielectric loss data corrected for conduction. 
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Figure 5.37: Dielectric properties of BPAEDA/PEGA copolymer networks: (a) dielectric 
onstant (ε'); (b) dielectric loss (ε'') vs. temperature. Frequency of 120 kHz.  Dielectric 
ss data corrected for conduction. 
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Figure 5.38: Dielectric loss (ε'') vs. frequency for BPAEDA/PEGMEA copolymer 
etworks at -70°C. Solid curves are dual HN fits.   n
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Figure 5.39: Dielectric loss (ε'') vs. frequency for BPAEDA/PEGA copolymer networks 
at -70°C. Solid curves are dual HN fits.   
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 Chapter Six 
hermal Characterization of Poly(trimethylene terephthalate) 
revious studies have explored in detail the crystal structure159-162 of PTT, its thermal 
T are those typically observed in 
miflexible polymers of low to medium crystallinity and lie intermediate to the 
roperties of PET and PBT.69,79,81,83,88,132,181-183 PTT encompasses the good dimensional 
 
T
 
 
This chapter is based on work published as: S. Kalakkunnath and D.S. Kalika, "Dynamic 
Mechanical and Dielectric Relaxation Characteristics of poly(trimethylene 
terephthalate)", Polymer, 47(20), 7085-7094 (2006). Copyright 2006 Elsevier Ltd.  
 
 
6.1 INTRODUCTION 
 
Poly(trimethylene) terephthalate (PTT), a semicrystalline aromatic polyester, is an 
emerging member of the terephthalate polyester family prepared by the polycondensation 
of terephthalic acid (TPA) and 1,3-propane diol (PDO). Until recently, PTT production 
was not viable at a commercial scale due to the lack of a low cost method to manufacture 
PDO. Shell Chemical Company overcame this problem in the mid-1990s and launched 
the first commercial resin, CORTERRA® PTT.  DuPont has subsequently introduced a 
competing PTT resin, SORONA 3GT®, employing a fermentation process to produce 
PDO from a renewable source, i.e., sugars obtained from corn biomass. The success of 
these resins has made PTT an attractive alternative to its predecessors, polyethylene 
terephthalate (PET) and polybutylene terephthalate (PBT), and has stimulated further 
interest in fundamental characterization of its material properties and their correlation to 
performance. Current commercial applications of PTT are mainly in the field of textile 
and fiber products, with increasing use of PTT in structural materials.156-158 
 
P
properties,92,163-166 crystallization kinetics167-175 and thermal stability176-180. The thermal 
and relaxation characteristics exhibited by PT
se
p
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 stability and stiffness found in PET along with the excellent processability seen in PBT. 
he kinked molecular conformation, shown by PTT renders it more elastic and less rigid 
s compared to PET and PBT (see Figure 2.7). Pyda et al.92 have reported an equilibrium 
alorimetric and X-ray measurements were performed to ascertain the sample 
se fraction were studied in detail.   
T
a
melting temperature of 237°C for PTT with a corresponding 100% crystalline heat of 
fusion equal to 30 kJ mol-1. Even under aggressive quenching conditions, PTT exhibits a 
residual weight fraction crystallinity of approximately 14% with a calorimetric glass 
transition temperature (Tg) of 42°C. Introduction of further crystallinity via thermal 
annealing leads to a positive offset of nearly 15°C in Tg as compared to the quenched 
sample which can be attributed to the constrained relaxation environment imposed by the 
crystals.92  
 
The morphology of PTT is similar to PET in that it contains a sizeable rigid amorphous 
phase fraction (RAP): a portion of the amorphous phase that remains frozen above Tg and 
relaxes with increasing temperature. The amount of rigid amorphous phase is a function 
of prior crystallization history, with heat capacity studies indicating RAP fractions as 
large as 33% in cold crystallized samples.163 The prominent RAP fraction in PTT, which 
has been related to a number of macroscopic properties in other semicrystalline 
thermoplastics (e.g., fracture toughness and barrier performance), may be a reflection of 
its distinctive three-linkage backbone structure. 
 
The main focus of this work is to elucidate the glass transition characteristics of PTT as a 
function of processing history via dynamic thermal analysis techniques; i.e., dynamic 
mechanical analysis and broadband dielectric spectroscopy. Experiments were conducted 
on samples obtained by direct quenching in liquid N2, as well as for various isothermally 
melt crystallized samples prepared with controlled thermal history. Complementary 
c
morphology. The influence of crystallinity on the glass-rubber relaxation and the 
characteristics of the rigid amorphous pha
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 6.2 EXPERIMENTAL 
TT resin was obtained in pellet form (CORTERRATM PTT 200) through the courtesy of 
hell Chemical Company, Houston, TX. The as-received pellets were dried at 90°C 
nder vacuum for 24 hours, and then stored over desiccant at room temperature until 
 
 
 
 
 
e glass transition temperature;109 determination of heat capacity was accomplished 
ccording to the method detailed by Wunderlich (see detailed analysis in Section 3.4).108   
ide-angle X-ray scattering (WAXS) was employed for the investigation of crystal 
ructure in the quenched and selected melt crystallized films. Samples were examined 
using a Siemens 5000 diffractometer with Cu Kα radiation (λ = 1.5406Å) at room 
temperature.  Data were recorded across a range of scattering angles (2θ) from 5 to 50° at 
a scan rate of 2°min-1 an
 
P
S
u
further use. Compression molding was used to prepare film of 0.25 to 0.5 mm thickness 
in a Carver melt press with the polymer being held in the melt at 260°C for
approximately 5 minutes during molding. Quenched specimens were obtained by 
transferring the incipient films directly from the melt press to an enclosed bath of liquid
nitrogen, and the resulting samples were stored under refrigeration at 4°C to minimize
potential aging effects. Isothermally melt crystallized films were prepared by transferring 
the polymer from the melt press to a second, adjacent press held at the desired
crystallization temperature ranging from 160°C to 200°C. An annealing time of one hour 
was sufficient for full crystallization of the samples, as confirmed by calorimetry.  The 
melt crystallized films were subsequently held under vacuum at room temperature prior 
to measurement. 
 
A Perkin-Elmer DSC-7 differential scanning calorimeter was used to conduct 
calorimetric studies on the quenched and isothermally-crystallized films. Transition
temperatures and melting enthalpy were calibrated using indium and zinc standards.  A 
sapphire (Al2O3) reference was used for the calibration of heat capacity in the vicinity of 
th
a
All DSC scans were performed at a heating rate of 10°C min-1, with a sample size of 10 
mg. 
 
W
st
d a data interval of 0.02°. 
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 Dynamic mechanical analysis (DMA) was performed using a Polymer Laboratories 
ynamic mechanical thermal analyzer operating in single cantilever bending geometry; 
loss tangent 
eating rate of 1°C min  with test frequencies in the range of 
ements were carried out under inert (N2) atmosphere. 
rmal 
vaporation system. For the quenched PTT films, electrodes were deposited at room 
 paint (SPI Inc., West Chester, PA).  Samples were mounted 
etween gold platens and positioned in the Novocontrol Quatro Cryosystem; sample 
An expanded 
iew of the DSC curves in the vicinity of the glass transition is shown in Figure 6.2. 
d
the polymer films had a thickness of 0.50 mm. Storage modulus (E') and 
(tanδ) were recorded at a h -1
0.1 to 10 Hz; all measur
 
Dielectric spectroscopy measurements were conducted using the Novocontrol Concept 40 
broadband dielectric spectrometer (Hundsangen, Germany). Concentric silver electrodes 
were vacuum evaporated on the crystallized samples using a VEECO the
e
temperature using silver
b
thickness was 0.25 mm in all cases. Dielectric constant (ε') and loss (ε'') were recorded in 
the frequency domain (0.1 Hz to 1.0 MHz) at discrete temperatures from -150°C to 
150°C. 
  
6.3 RESULTS AND DISCUSSION 
 
6.3.1 Calorimetric and X-ray analysis 
 
DSC heating sweeps for the quenched and isothermally melt-crystallized PTT sample 
films are reported in Figure 6.1. The quenched film shows a glass transition centered at 
44°C, followed by a sharp cold crystallization exotherm (67°C) and melting at 227°C. In 
the isothermally melt-crystallized samples, the glass transition is shifted to ~ 54°C, with 
Tg displaying virtually no dependence on prior crystallization temperature.  
v
 
The DSC heating sweeps for the melt crystallized PTT samples show a characteristic 
double-melting behavior, with a lower temperature melting peak positioned 
approximately 10°C above the isothermal annealing temperature, followed by an 
apparent crystal re-organization process and second melting peak at ~ 227°C. Multiple 
 225  
 melting behavior has been reported for a wide range of flexible and semiflexible 
crystalline polymers and is typically attributed to the existence of distinct crystal lamellar 
populations, or the onset of crystal melting and ongoing re-crystallization during the DSC 
heating scan itself.  In a detailed analysis presented by Srimoaon et al.,166 multiple 
melting phenomena in PTT were attributed primarily to simultaneous melting and re-
crystallization over the course of the DSC scan. This conclusion is consistent with the 
form of the curves shown in Figure 6.1, wherein the position of the higher-temperature 
melting peak (Tm = 227°C) is independent of prior isothermal crystallization temperature 
and reflects the conditions of re-organization during the DSC heating sweep. 
 
In addition to the “double-melting” peaks described above, a small endothermic melting 
in to remove any prior thermal history. 
he samples were then quenched in the DSC at approximately 80°C/min to the desired 
r to establish 
e net heat of fusion (∆HF). Pyda et al.92 have reported a ∆HF value of 30 kJ/mol for 
00% crystalline PTT at 510 K. This value can be corrected to the apparent melting 
mperature of the semicrystalline samples using the following equations:184 
feature is evident in the DSC scans at 100°C for all of the semicrystalline specimens.  
This peak, with a corresponding enthalpy of ~ 0.2 kJ mol-1, appears to reflect a small 
amount of additional crystallization that occurs in the samples when they are removed 
from the melt press and allowed to cool to room temperature after isothermal annealing.  
 
Isothermal crystallization studies were performed to assess the kinetics of PTT 
crystallization for various melt crystallization conditions. PTT films (~10 mg) were 
melted in crimped DSC pans at 260°C for 10 m
T
crystallization temperature. The samples were held at the corresponding temperature for 1 
hr, and the results recorded as heat flow versus time as shown in Figure 6.3. The polymer 
exhibited a rapid crystallization behavior, with the sample held at the highest 
crystallization temperature (Tc = 200°C) achieving full crystallization in ~ 20 mins. Thus, 
the selected annealing time of 1h was found to be sufficient to ensure complete 
crystallization for all samples tested. 
 
The enthalpy associated with each calorimetric event was determined in orde
th
1
te
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where LpC  is the heat capacity of PTT in the completely liquid phase (above T
2
1
T
d using the equation: 
m), and SpC  
is the corresponding heat capacity in the solid phase (below Tg). From the data provided 
by Pyda,92 the following expressions apply for Cp (J/mol K): 
 
                                             )(434.06.211 KTC Lp +=                                     [6.3] 
                                             )(679.09.28 KTCSp +=                                      [6.4] 
 
The corresponding weight fraction crystallinity present in the individual PTT samples 
was then calculate
 
                                              
)(
),(
%100
mF
mF
C TH
TsampleHW ∆
∆=                                     [6.5] 
 
For the liquid nitrogen quenched film, comparison of the crystallization and melting 
peaks in the DSC sweep indicates the presence of 13 wt% residual crystallinity in the 
original sample, which is very close to the value reported by Pyda.92  This appears to be 
the minimum level of crystallinity captured in this commercial PTT resin, even under 
aggressive quenching conditions. Complementary studies involving the melting and 
irect liquid nitrogen quenching of PTT samples held in sealed aluminum DSC pans 
C
d
showed similar levels of residual crystallinity. For the isothermally melt-crystallized 
films, the weight fraction crystallinity across the various samples was W  = 0.30 ± 0.02, 
with no systematic variation in crystallinity evident as a function of prior crystallization 
temperature. 
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 The presence of crystallinity in semiflexible polymers typically leads to a positive offset 
in Tg owing to the constraining influence of the crystals on the large scale segmental 
motions inherent to the glass-rubber transition. This behavior has been observed in a 
number of polymers for which wholly amorphous specimens can be obtained by rapid 
quenching to the glassy state; e.g., PET, 69,185 poly (phenylene sulfide) [PPS],88,183 and 
oly (ether ether ketone) [PEEK].79,81,182 The measured offset in the glass transition 
f the non-crystalline material that remains “rigid” at the glass transition and thus 
es not contribute to the observed increase in heat capacity observed at Tg. The mobile 
ined as: 
                                            [6.6] 
                                                                                       [6.7] 
p
temperature is usually in the range of 10 to 15°C. A similar result is observed for the 
quenched and melt crystallized PTT samples examined here (∆T = + 10°C), even though 
the quenched PTT resin could not be captured in the 100% amorphous state.  In addition 
to its influence on Tg, the presence of crystallinity often results in a disproportionate 
decrease in the intensity of the glass transition, as measured by the step change in heat 
capacity, ∆Cp(Tg). The disproportionate decrease in ∆Cp for crystalline samples as 
compared to a wholly amorphous specimen can be quantified using a three-phase 
morphological model that includes a separate rigid amorphous phase fraction, i.e., a 
portion o
do
amorphous phase fraction (WMA) is def
 
                                                                                       
 
where ∆CpSC corresponds to the measured heat capacity increment for the semicrystalline 
sample (calculation procedure in Section 3.4.3), and ∆CpA corresponds to the heat 
capacity increment for the wholly amorphous material evaluated at Tg using equations 
6.2-6.4. It then follows that the rigid amorphous phase fraction can be determined by 
difference: 
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In Figure 6.4, ∆Cp(Tg) for the various crystallized PTT samples is plotted versus the 
value of the net heat of fusion (∆HF) following the approach presented in reference 92. 
The dashed line reflects the limit for a strictly two phase model, where the intensity of the 
glass transition is directly proportional to the amount of non-crystalline phase present in 
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 the sample; the limiting values for ∆Cp and ∆HF are the result of extrapolations reported 
by Pyda and co-workers.92 Data points that fall below the dashed line correspond to 
samples wherein the intensity of the glass transition is less than what would be 
anticipated according to a strictly two phase response, and thus can be interpreted using a 
three phase model that includes a separate rigid amorphous phase fraction. For the 
thermally crystallized samples investigated here, the data are clustered well below the 
two-phase limit, suggesting the existence of a sizeable amount of RAP material, with 
WRAP in the range of 0.30 to 0.40. There does not appear to be any clear correlation 
between RAP fraction and crystallization temperature for this particular group of 
mples. The corresponding RAP values are comparable to WRAP fractions for PTT 
 
uenched film, and a representative melt crystallized film prepared at Tc = 180°C. The 
set in Figure 
sa
reported by Hong et.al.,165 where phase fraction determinations were based on both DSC 
and small angle X-ray studies. 
 
The crystallinity characteristics of the PTT films were also examined by wide angle X-
ray scattering (WAXS) measurements. Figure 6.5 shows diffraction patterns for the
q
diffraction pattern for the quenched film is essentially featureless, suggesting that the 
minimal crystallinity (WC = 0.13) present in the quenched specimen cannot be 
differentiated from the amorphous halo. Thus, WAXS does not provide any additional 
information regarding the amount or character of the residual crystallinity present in the 
quenched film. The melt crystallized specimen, however, shows a distinct diffraction 
pattern that closely matches WAXS results reported in the literature:161,162  the Miller 
indices included in Figure 6.5 correspond to a triclinic unit cell, with dimensions as 
reported in ref. 162.  
 
6.3.2 Dynamic Mechanical Analysis 
 
Dynamic mechanical heating scans were performed on quenched PTT films and 
isothermally melt crystallized specimens. Results for a quenched film are shown in 
Figure 6.6. The sample displays two distinct mechanical relaxation processes: a sub-
glass process (designated as the β relaxation), centered at -70°C (1 Hz; see in
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 6.6), followed by the glass transition (α relaxation), with an onset temperature of 
approximately 50°C. The glass-rubber relaxation results in a dramatic decrease in the 
f the quenched sample accompanied  (loss 
factor) which is typical for an amorphous polymer. The onset of cold crystallization 
heating sweep lea
llowed by additional (broader) relaxation of the semicrystalline specimen above 80°C 
rephathalates) has been the 
bject of considerable interest.  Early dynamic mechanical measurements across a series 
of such polyesters with n = 2 (PET) up to n = 10 indicated a complex character for the 
mpass at least two su
t studies on the secondary relaxation behavior of PTT have 
milarly indicated overlapping mechanical relaxations across the sub-glass range.187,188  
urements,190 in order to elucidate the underlying 
b-glass molecular motions in amorphous PET. A comparison of their dielectric and 
dynamic mechanical data indicated that the dielectric (β) peak was the result of a single 
the dynamic mechanical p arent 
motional processes. The dielectric relaxation, which corresponds to the low-temperature 
de of the dynamic mechanical peak, was assigned to localized motion of the carbonyl 
c
ter of the relaxation environment in the semicrystalline material.  
storage modulus (E') o by a sharp peak in tanδ
during the dynamic mechanical ds to a recovery in the modulus, 
fo
(refer to Figure 6.6). 
 
The origin of sub-glass relaxations in poly(n-methylene te
su
observed β relaxation, which appeared to enco perimposed loss 
processes.186 More recen
si
Maxwell and co-workers performed 13C and deuterium NMR studies,189 as well as 
dynamic mechanical and dielectric meas
su
relaxation process, while eak encompassed two app
si
groups. The high-temperature side of the dynamic mechanical peak was the result of 
(dielectrically inactive) phenyl ring motions, as corroborated by NMR. Similar behavior 
is observed for our PTT specimens:  a direct comparison of the dynamic mechanical and 
dielectric results for quenched PTT is provided in the section on dielectric spectroscopy, 
below. 
 
Dynamic mechanical data for a representative melt crystallized PTT specimen (T  = 
160°C) are presented in Figure 6.7.  In the crystallized PTT sample, the glass-rubber (α) 
relaxation is much broader than that observed in the quenched film, and reflects the 
heterogeneous charac
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 Time-temperature superposition38 was used to construct a modulus-frequency master 
curve for crystalline PTT in the vicinity of the glass transition:  a reference temperature 
of 80°C was selected, which corresponds to the position of the dynamic mechanical tanδ 
peak at a frequency of 1 Hz.  The result for the Tc = 160°C sample is shown in Figure 
6.8, where the data are plotted as storage modulus versus ωaT, where ω is the applied test 
frequency (ω = 2πf, with f expressed in Hz) and aT is the dimensionless shift factor.  The 
inset to Figure 6.8 shows the shift factor plotted as a function of temperature: the aT  data 
display a temperature dependence consistent with the WLF (Williams-Landel-Ferry) 
relation.38  
 
The glass-rubber relaxation in crystalline PTT could be satisfactorily described using the 
Kohlrausch-Williams-Watts (KWW) “stretched exponential” relaxation time distribution 
function: 
                                                                                                                              [2.9] 
where τo is the observed relaxation time and β is the distribution parameter. β ranges 
from 0 to 1, with values close to unity correspo
])/(exp[)( βτφ ott −=
 nding to a narrow, single relaxation time 
ebye) response. Lower values of β reflect increased intermolecular coupling, as well as 
al 
rosslinks. Series approximations reported by Williams et al. express modulus and loss 
for the KWW model in the frequency domain:39 the best-fit relaxation curve based on 
0°C. 
sition region in Figure 6.9.  As discussed above, the thermal histories 
m 
(D
inhomogeneous relaxation broadening owing to the presence of physical or chemic
c
these equations is shown in Figure 6.8. A distribution parameter value (β) of 0.14 was 
obtained for isothermally melt crystallized PTT prepared at 16
 
Dynamic mechanical results for the various melt crystallized PTT samples are compared 
across the glass tran
imposed in this study (i.e., isothermal melt crystallization at temperatures ranging fro
160°C to 200°C) produced only minimal differences in the bulk crystallinity of the 
resulting materials. Similarly, the dynamic mechanical tanδ curves for these specimens 
show very little variation as a function of crystallization condition, with relaxation peak 
temperature and intensity nearly invariant for the different films. For samples crystallized 
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 at lower temperatures (160°C and 170°C), the relaxation appears to be somewhat 
broader, especially on the high-temperature side of the relaxation peak.  This suggests a 
broader distribution of relaxation environments in these samples, and may reflect poorer 
crystal organization owing to the deep quench intervals experienced by the films during 
preparation. 
 
6.3.3 Broadband Dielectric Spectroscopy 
 
Dielectric results for quenched PTT are plotted in Figure 6.10 as dielectric constant (ε') 
and loss (ε'') versus temperature at selected frequencies from 0.1 Hz to 1 MHz. The data 
show a broad low temperature relaxation (β relaxation), and then a sharp increase in 
permittivity that corresponds to large scale dipolar mobilization at the glass transition (α 
laxation). The glass transition is followed by an abrupt, frequency-independent 
isothermally melt crystallized PTT (Tc = 170°C) are reported in 
igure 6.11. In this case, two distinct incremental increases in dielectric constant are 
s (β) and glass-rubber (α) relaxations; the features 
f the glass transition are not complicated by the effects of additional crystallization 
re
decrease in dielectric constant that reflects the onset of cold crystallization in the 
quenched specimen and the corresponding immobilization and/or constraint of some 
fraction of the responding dipoles with increased bulk crystallinity. The presence of cold 
crystallinity leads to a positive offset in the nominal glass transition temperature of the 
test specimen, as well as a broadening of the glass-rubber relaxation. The completion of 
the offset glass transition process at higher temperatures ( > 70°C) is evident as a gradual 
increase in ε', and as a broad high temperature shoulder in ε''. Similar features in 
dielectric constant and loss have been reported for quenched PET,69 PPS87,90 and 
PEEK.79,85,87 
 
Dielectric results for 
F
evident, corresponding to the sub-glas
o
during measurement. The dielectric loss peak at the glass transition is considerably 
broadened as compared to the quenched sample, as the polymer chains experience a 
much wider spectrum of segmental relaxation environments. The observed increase in 
dielectric constant and loss at lower test frequencies and higher temperatures corresponds 
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 to the onset of Maxwell-Wagner-Sillars (MWS) interfacial polarization owing to the 
accumulation of mobile charge carriers at the interfaces between the crystal and 
amorphous phases.99  
 
The dielectric dispersions for both the glass-rubber and sub-glass relaxations were 
analyzed according to the Havriliak-Negami (HN) modification of the single relaxation 
time Debye expression:42,154 
                                       ba
HN
UR
U i ])(1[
*
ωτ
εεεε +
−+=                                [2.10] 
where εR and εU represent the relaxed (ω → 0) and unrelaxed (ω → ∞) values of the 
dielectric constant, ω = 2πf  is the frequency, τHN is the central relaxation time, and a and 
b represent the broadening and skewing parameters, respectively. All (HN) curve fits 
reported here were performed using the WinFit software program provided with the 
Novocontrol dielectric instrument. 
 
Dielectric loss data are plotted as a function of frequency for quenched PTT in Figure 
6.12. Across the glass transition region, there is a narrow temperature range (44°C to 
56°C) for which satisfactory HN curve fits can be obtained without the influence cold 
crystallization. Results for a representative melt crystallized sample (Tc = 170°C) are 
provided in Figure 6.13.  In each case (α and β relaxations, respectively), the loss data in 
the frequency domain were fit with a single HN function. The HN curve fits were used to 
establish the frequency associated with the maximum in dielectric loss (fMAX), and the 
dielectric relaxation intensity (∆ε = εR - εU) as a function of temperature.   
 
The time-temperature characteristics for the α and β relaxations are presented as an 
rrhenius plot of log (fMAX ) versus 1000/T(K) in Figure 6.14, with data corresponding to A
the quenched sample and selected melt crystallized films. For the β relaxation, the 
localized motions, which are presumably associated with reorientation of carbonyl 
groups, follow a linear Arrhenius relation which is typical of sub-glass relaxations in 
polymers.67 The position of the β relaxation is nearly independent of sample morphology 
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 (i.e., quenched versus melt crystallized samples), reflecting the localized character of the 
dipolar reorientations. The apparent activation energy (EA) determined from the slope of 
the dielectric Arrhenius plot is 54 kJ mol-1 for the quenched sample, which is close to 
values reported for both PET72,75 and PBT191. The results for the dielectric α relaxation in 
Figure 6.14 clearly reflect the positive offset in glass transition temperature that is 
observed with the presence of melt crystallinity in the PTT samples. Over the range of 
frequencies investigated, the data for both the quenched and crystallized films can be 
described by a single activation energy; EA = 485 kJ mol-1.   
 
Examination of the dielectric and DMA data for quenched PTT shows that the sub-glass 
y of 1 Hz is provided in Figure 6.15. As discussed above, previous dielectric 
ies n PET have e ectric 
relaxation corresponds to a single (lower temperature) process that reflects motion of the 
perature and thermal 
istory. Figure 6.16 reports ∆ε versus temperature for quenched and melt crystallized 
dynamic mechanical loss peak is offset to higher temperatures relative to the dielectric β 
relaxation (re: Figure 6.14). A direct comparison of the tanδ curves for quenched PTT at 
a frequenc
and dynamic mechanical stud  o   suggest d that the sub-glass diel
carbonyl groups, while the dynamic mechanical peak encompass two processes; i.e., 
carbonyl motions, as well as (higher temperature) phenyl ring flips.190 The PTT tanδ 
curves shown in Figure 6.15 are consistent with this scenario, with the dielectric probe 
sensitive to only a subset of the local motions that comprise the overall sub-glass 
relaxation response. 
 
The HN curve fits reported in Figures 6.12 and 6.13 were used to establish the dielectric 
relaxation intensities for the α and β  relaxations as a function of tem
h
PTT. Comparison of ∆ε for the β relaxation indicates an overall decrease in relaxation 
intensity of 25% for the melt crystallized samples relative to the quenched film, which is 
consistent with the measured increase in bulk crystallinity, WC, from 0.13 to 0.30.  
Previous studies on PET samples encompassing a wide range of crystallinity indicated 
that the intensity of the sub-glass relaxation varies directly with the fraction amorphous 
phase present in the samples, which implies that the localized sub-glass motions that 
occur in the amorphous regions are unperturbed by the presence of the crystallites.69,74  
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 The PTT results presented here indicate a similar behavior, although the range of 
crystallinities encompassed by the PTT samples is not sufficient to establish a definitive 
relationship between dielectric relaxation intensity and fraction crystallinity. 
 
The PTT dielectric relaxation intensity across the α relaxation is a strong function of 
mperature for both the quenched and melt crystallized materials; see Figure 6.16. In 
ity for the glass transition can be determined 
cross a relatively narrow range of measurement temperatures prior to the onset of cold 
he both the quenched and crystallized materials; this issue is addressed in 
etail for PEEK in reference 79. Using a quenched sample value for ∆ε equal to 2.7 (and 
te
quenched PTT, dielectric relaxation intens
a
crystallization. Over this range, ∆ε decreases steadily with temperature in a manner that 
has been reported for a number of similar polymers; e.g., PET,69 PPS87,90 and PEEK79,85.  
For the melt crystallized PTT samples, the dielectric relaxation intensity is reduced 
substantially below that which might be expected based on a strictly two-phase 
morphological model wherein only those chain segments incorporated into the crystalline 
phase are held immobile in the range between Tg and crystal melting. This again suggests 
the presence of a sizeable rigid amorphous phase fraction in these samples, with the 
constraining influence of the crystals extending well into the amorphous phase. The 
comparison of dielectric relaxation intensity for the semicrystalline samples (∆εSC) 
relative to the value for a wholly amorphous specimen (∆εA) provides an alternate route 
for the determination of mobile amorphous phase fraction, WMA. However, the calculation 
is complicated by a number of factors, including the availability of an experimental value 
for a 100% amorphous PTT sample, as well as the strong temperature dependence of ∆ε 
observed for t
d
adjusting for residual crystallinity), the mobile amorphous phase fraction for isothermally 
crystallized PTT is calculated to be WMA ~ 0.45 at 70°C. This corresponds to a rigid 
amorphous phase fraction, WRAP = 0.25.     
 
At temperatures above Tg, the dielectric relaxation intensity measured for the melt-
crystallized samples increases strongly with temperature. This behavior, which has been 
observed to varying extents in the other polymers cited above, may reflect a gradual 
mobilization of the rigid amorphous phase with increasing temperature, as well as a 
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 reduction in local dipolar correlation of the ester groups. The extent of dipolar correlation 
is typically expressed via the Onsager-Kirkwood correlation factor, g,67,192 which 
accounts for the influence of intra- and inter-molecular correlations on the response of the 
dividual constituent dipoles, and can reflect local dipolar cancellations as well as spatial 
ents in the crystal-amorphous interphase, but also the 
disruption of local dipolar cancellations owing to an increase in overall conformational 
er net dipolar response. 
 
ve been investigated. Quenching PTT from the melt 
ate into liquid N2 resulted in films with a residual crystalline fraction, WC = 0.13; fully-
  
s of PTT were 
onsistent with the behavior reported for other semiflexible polymers such as PET, PPS 
in
restrictions to dipolar orientation.193 In PTT, the increase in ∆ε with temperature above Tg 
appears to be exceptionally strong, and may reflect not only the progressive mobilization 
of “rigid amorphous” segm
mobility, thus leading to a larg
 
6.4 CONCLUSIONS 
 
The thermal and dynamic relaxation characteristics of quenched and melt crystallized 
poly(trimethylene terephthalate) ha
st
amorphous samples could not be obtained for the PTT resin examined in this study.  
Isothermal melt crystallization at temperatures ranging from 160 to 200°C led to a bulk 
crystallinity of  ~ 0.30, independent of crystallization temperature. The presence of melt 
crystallinity led to a positive offset in the glass transition temperature (∆T = 10°C), and 
calorimetry measurements revealed the existence of a sizeable rigid amorphous phase 
fraction in the melt crystallized samples. Dynamic mechanical analysis and broadband 
dielectric spectroscopy were used to study the sub-glass and glass-rubber relaxation 
characteristics of quenched and crystalline PTT. The relaxation propertie
c
and PEEK. The sub-glass (β) relaxation in PTT was largely unperturbed by the presence 
of crystallinity. Comparison of the dynamic mechanical and dielectric sub-glass 
relaxations suggested that the dielectric response reflected a lower-temperature subset of 
the motions that were encompassed in the broader, more complex mechanical relaxation.  
For the glass-rubber (α) relaxation, dielectric measurements showed a strong influence of 
crystallinity on the resulting dielectric relaxation intensity, again consistent with the 
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 presence of a significant amount of rigid amorphous material in the melt crystallized 
specimens. The strong increase in measured relaxation intensity with temperature above 
Tg suggested a gradual mobilization of the rigid amorphous phase, as well as an overall 
loss of dipolar correlation. 
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Figure 6.1: DSC heating sweeps (10°C min-1) for quenched and isothermally melt 
crystallized PTT. 
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Figure 6.2: DSC heating sweeps (10°C min-1) for isothermally melt crystallized PTT: 
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igure 6.3: DSC heating sweeps (10°C min-1) for isothermally melt crystallized PTT 
lotted versus time. Samples quenched from melt (260°C) at 80°C/min. 
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igure 6.4: Incremental increase in heat capacity (∆Cp(Tg); J/mol-K) versus net heat of 
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Figure 6.5: Wide-angle X-ray diffraction patterns (intensity versus 2θ) for quenched and 
elt crystallized (Tc = 180°C) PTT; Cu Kα radiation, λ = 1.5406Å. Indexing of 
iffraction peaks as per reference 162. 
m
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igure 6.6: Dynamic mechanical storage modulus (E'; Pa) and loss factor (tanδ) versus 
mperature for quenched PTT; heating rate of 1°C min-1. Inset:  tanδ versus temperature 
r sub-glass (β) transition region. 
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Figure 6.7:  Dynamic mechanical storage modulus (filled symbols) and loss factor (tanδ) 
(empty symbols) versus temperature for melt cry
-1
stallized (Tc = 160°C) PTT;  heating rate 
f 1°C min . o
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Figure 6.8: Time-temperature master curve for melt crystallized (Tc = 160°C) PTT; TREF 
 80°C.  Solid curve is KWW best-fit. Inset: time-temperature shift factor (aT) versus 
mperature. 
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Figure 6.9: Dynamic mechanical tanδ versus temperature for melt crystallized
Frequency of 1 Hz; heating rate of 1°C min-1. 
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Figure 6.10: Dielectric constant (ε') and loss (ε'') versus temperature for quenched PTT; 
lected frequencies from 0.1 Hz to 1 MHz. Inset: expanded view of dielectric loss across 
e sub-glass transition region. 
se
th
D
ie
le
ct
ric
 C
on
st
an
t (
ε')
3
4
5
6
7
frequencies from 0.1 Hz to 1 MHz
quenched PTT
Temperature (°C)
D
ie
le
ct
ric
 L
os
s 
( ε''
)
0.0
0.2
0.4
0.6
0.8
Temperature (°C)
-150 -125 -100 -75 -50 -25 0
0.00
0.04
0.08
0.12
-150 -100 -50 0 50 100 150
 247  
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Temperature (°C)
-150 -100 -50 0 50 100 150
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 6.11: Dielectric constant (ε') and loss (ε'') versus temperature for melt crystallized 
c = 170°C) PTT; selected frequencies from 0.1 Hz to 1 MHz. (T
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igure 6.12: Dielectric loss (ε'') versus frequency for quenched PTT across the glass-
bber (α) and sub-glass (β) relaxation regions. Solid curves are Havriliak-Negami best 
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igure 6.13: Dielectric loss (ε'') versus frequency for melt crystallized (Tc = 170°C) PTT 
cross the glass-rubber (α) and sub-glass (β) relaxation regions. Solid curves are 
avriliak-Negami best fits. 
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Figure 6.14: Arrhenius plot of fMAX (Hz) versus 1000/T(K) for quenched and melt 
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ielectric results. Filled symbols: dynamic mechanical results. 
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 Chapter Seven 
onclusions 
oly(trimethylene terephthalate) (PTT) have been investigated in detail using dynamic 
echanical and dielectric techniques. For the rubbery networks, fundamental relations 
ave been established between polymer composition, network architecture, and dynamic 
laxation characteristics, as well as their correlation to gas transport properties. In the 
ase of PTT, calorimetric and X-ray methods, in concert with dynamic thermal analysis, 
ave been used to elucidate the influence of sample processing history on resultant 
micrystalline morphology.     
he significant accomplishments and key findings of this work are summarized below: 
A detailed viscoelastic characterization has been performed on model PEGDA 
networks via dynamic mechanical analysis. PEGDA/water networks showed a 
systematic decrease in effective crosslink density with increasing water content in the 
prepolymerization reaction mixture. For these networks, a narrowing of the glass-
rubber relaxation along with a progressive decrease in fragility was observed with 
decreasing crosslink density, but there was little variation in the measured glass 
transition temperature or fractional free volume. Gas permeation measurements 
indicated only a very modest variation in gas transport properties despite the sizeable 
variation in apparent crosslink density achieved in these materials. This result 
suggests that the controlling structural factor for gas transport in the networks is not 
ity, and fractional free volume. 
 
 
C
 
 
The molecular dynamics of rubbery PEG-based crosslinked networks and semicrystalline 
p
m
h
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T
 
crosslink density alone, and that attempts to correlate gas transport to network 
structure must necessarily consider the broader relationships between crosslink 
density, segmental mobil
 254  
 Copolymerization of PEGDA with appropriate amounts of acrylate monomers, 
PEGMEA and PEGA, resulted in copolymer networks with varying crosslink density, 
but similar chemical composition. For both series, the introduction of the acrylate co-
monomer led to a decrease in the measured glass transition temperature, as well as a 
 cop sitions examined. These studies revealed the sensitivity of 
the membrane properties to relatively minor structural variations, such as changes in 
branch end group. 
 
PEGDA/MgO nanocomposites posed an interesting morphological variation as 
manifested in the emergence of a second, higher-temperature Tg which was attributed 
A detailed dielectric investigation revealed the existence of two sub-glass relaxations 
(β1 and β2) in the PEGDA crosslinked networks. The “fast” β2 relaxation, which was 
positioned intermediate to the β1 and glass-rubber (α) processes, was attributed to a 
subset of non-cooperative segmental reorientations originating in the vicinity of the 
crosslink junctions. The limited conformational freedom of the polymer chain 
segments in this region led to the emergence of a more localized, largely non-
cooperative process, a behavior consistent with that encountered in crystalline PEO 
and amorphous PEO located within the confined regions of polymer nanocomposites. 
systematic reduction in crosslink density as reflected in the rubbery modulus of the 
network. KWW curve fits to time-temperature modulus master curves indicated a 
narrowing of the glass-rubber relaxation with reduced crosslink density that 
correlated with a decrease in fragility, suggesting that a more homogeneous, less 
cooperative relaxation environment is present in the copolymer networks. The 
influence of the copolymer branches was more pronounced in the PEGDA/PEGMEA 
series, which displayed a larger variation in glass transition temperature and fractional 
free volume upon changes in PEGDA content. A contrast was also evident in the gas 
transport properties of the two network series, with the PEGDA/PEGMEA 
membranes displaying favorable variations in permeability and selectivity over the 
range of olymer compo
to confined polymer chains experiencing restricted mobility in the vicinity of the 
particle surfaces.  
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 Dynamic relaxation studies performed on crosslinked BPAEDA indicated a 
significantly higher Tg as compared to PEGDA owing to a lower molecular weight 
between crosslinks and the presence of the bulky, bisphenol A segment along the 
crosslinker bridging group. Copolymerization of BPAEDA with either PEGMEA or 
PEGDA led to a strong decrease in Tg with co-monomer content as a result of the 
inherent flexibility of the PEGMEA and PEGA chains. The substantial structural 
used to study the sub-glass and glass-rubber relaxation characteristics of quenched 
and crystalline PTT; the relaxation properties of PTT were consistent with the 
behavior reported for other semiflexible polymers such as PET, PPS and PEEK. The 
sub-glass (β) relaxation in PTT was largely unperturbed by the presence of 
ss 
relaxations suggested that the dielectric response reflected a lower-temperature subset 
of the motions that were encompassed in the broader, more complex mechanical 
relaxation.  For the glass-rubber (α) relaxation, dielectric measurements showed a 
strong influence of crystallinity on the resulting dielectric relaxation intensity, again 
consistent with the presence of a significant amount of rigid amorphous material in 
difference between the crosslinker and the acrylate monomers produced a greater 
overall relaxation heterogeneity that was manifested in a gradual broadening of the 
glass transition despite decreasing crosslink density. The BPAEDA copolymer 
networks displayed an increase in the measured dielectric intensity with increasing 
acrylate content, the effect being more pronounced for the –OH terminated PEGA 
copolymer series, where additional dipolar content amplified the dielectric response.          
 
The thermal and dynamic relaxation characteristics of quenched and melt crystallized 
poly(trimethylene terephthalate) (PTT) have also been investigated. Quenching PTT 
from the melt state into liquid N2 resulted in films with a residual crystalline fraction, 
WC = 0.13; fully-amorphous samples could not be obtained for the PTT resin 
examined in this study. The presence of melt crystallinity led to a positive offset in 
the glass transition temperature (∆T = 10°C), and calorimetry measurements revealed 
the existence of a sizeable rigid amorphous phase fraction in the melt crystallized 
samples. Dynamic mechanical analysis and broadband dielectric spectroscopy were 
crystallinity. Comparison of the dynamic mechanical and dielectric sub-gla
 256  
 the melt crystallized specimens. The observed increase in measured relaxation 
intensity with temperature above Tg suggested a gradual mobilization of the rigid 
amorphous phase, as well as an overall loss of dipolar correlation. 
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   Table of Nomenclature 
 
Rubbe
Cp  at capacity in solid (glassy) phase (cal/gm°C)    
Cedge    Edge compensation capacitance (Farads) 
DA      
 
2
E         
E(t)     
ER       
E*         
E2        
∆HF 
 
A  Aea of the capacitor (m2) 
A  Constant in Arrhenius equation 
AD  Pe-exponential factor 
C  Capacitance (Farads) 
C1           Constant used in WLF model 
C2           Constant used in WLF model (K) 
C2  Concentration of gas A sorbed on the upstream side of the polymer 
(cm3(STP)/cm3 polymer) 
C0         Capacitance across two plates in vacuum (Farads)  
Cpcal       Calibration standard heat capacity (cal/gm°C) 
rCp    Sample heat capacity in rubbery phase (cal/gm°C)    
Solid   Sample he
CS         External stray capacitance (Farads) 
 
D          Dielectric displacement (V/m)  
D(t)       Time-dependent dielectric displacement (V/m) 
 Effective diffusivity (cm2/s) 
Deff      Effective diffusivity in filled polymer phase (cm2/s)  
Dp        Effective diffusivity in pure polymer phase (cm /s) 
  Elastic modulus (Pa) 
E           Electric field strength (V/m)         
  Time-dependent electric field strength (V/m) 
EA         Apparent activation energy (kJ/mol) 
   Storage modulus in the rubbery plateau region (Pa) 
   Complex modulus (Pa) 
E1          In-phase (elastic) component of the complex modulus (Pa)  
 Out of-phase (viscous) component of the complex modulus (Pa) 
FFV       Fractional free volume  
 Heat of fusion (kJ/mol) 
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 N          
3 2
Mc   
-10 3 2
Pp       
3 3
Sf         
 
 
   
V         
 
us phase 
acal       w amplitude of the calibration standard (mW)  
b         kewing parameter 
d  Characteristic lattice spacing per Bragg’s Law (Å)   
 Number of dipoles per unit volume 
NA      Steady-state flux of a gas A (cm (STP)/cm s ) 
 Molecular weight between crosslinks (g/mol) 
PA      Permeability of a gas A (Barrer; 1 barrer = 10 cm (STP) cm/(cm  s cm-
Hg)) 
Peff      Permeability in filled polymer phase (Barrer) 
 Permeability in pure polymer phase (Barrer)
Q          Magnitude of charge on each plate of the capacitor (Coulombs)  
R           Universal gas constant (J/mol K) 
SA          Apparent solubility coefficient (cm (STP)/(cm  atm)) 
 Solubility of the filler phase (cm3(STP)/(cm3 atm))  
Sp          Solubility of the pure polymer phase (cm3(STP)/(cm3 atm)) 
Tc         Crystallization temperature (°C) 
Tg         Glass transition temperature (°C) 
Tm          Melting peak temperature (°C)  
TREF      Arbitrary reference temperature (°C) 
V            Potential difference across the capacitor plates (Volts) 
  Specific volume of the polymer (cm3/g) 
V0         Specific occupied volume at 0 K (cm3/g) 
WC       Weight fraction crystallinity 
WMA  Weight fraction of mobile amorpho
WRAP  Weight fraction of rigid amorphous phase 
 
a           Havriliak-Negami broadening parameter 
 Heat flo
ar          Heat flow amplitude of the reference (mW) 
as          Heat flow amplitude of the sample (mW) 
aT  Shift factor 
  Havriliak-Negami s
d           Spacing between the two plates in a parallel-plate capacitor (m)         
 267  
 e          
de/dt   
 
m         
p2        Feed side (high) partial pressure of gas A (atm)  
 
 
ε0 of vacuum  
 Strain 
e(t)        Time-dependent strain 
  Strain rate (s-1) 
f  Applied frequency (Hz) 
g           Kirkwood correlation factor 
k           Boltzmann constant 
k          Proportionality constant 
l            Membrane thickness (cm) 
 Fragility index 
mc         Mass of calibration standard (mg) 
ms         Mass of sample of interest (mg) 
p1         Permeate side (low) partial pressure of gas A (atm)  
 
q           Heating rate employed in DSC instrument (°C/min) 
α(t)       Exponential decay function 
β           KWW distribution parameter 
δ           Phase angle of complex response (radians) 
ε*         Complex dielectric constant 
εS          Static dielectric constant       
εR        Relaxed dielectric constant (Dielectric constant as ω → 0) 
εU         Unrelaxed dielectric constant (Dielectric constant as ω → ∞)  
 Permittivity 
ε'          Real part of the complex dielectric constant (permittivity)  
ε''  Imaginary part of the complex dielectric constant (dielectric loss) 
φ(t)        Relaxation time distribution function    
φf          Volume fraction of the filler particles 
φp         Volume fraction of the pure polymer phase 
η           Viscosity (Pa s) 
λ  Incident wavelength (Å) 
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 µ0       Permanent dipole moment of the relaxing unit when surrounded by 
vacuum          
θ Scattering angle (radians) 
2
σ(t)      
(s) 
τREF     e constant at reference temperature (s)    
ω         
exp       Experimental Angular frequency (radians/sec) 
MC       Angular frequency pertaining to the generated master curve (radians/sec) 
ρp   Bulk polymer density (g/cm ) 3
σ           Stress (Pa) 
σ           Charge density (Coulombs/m ) 
 Time-dependent stress (Pa) 
σ0  Conductivity (Siemens/cm) 
τ            Tortuosity factor 
τ0          Single relaxation time constant (s) 
τHN        Relaxation time constant as predicted by the Havriliak-Negami model 
τMAX     Relaxation time constant corresponding to the dielectric loss maximum (s) 
  Relaxation tim
υe          Effective number of crosslinks per unit volume (mol/cm3) 
 Angular frequency (radians/sec) 
ω
ω
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 269  
 VITA 
             Place of birth: 
  Mumbai, India 
2) 
y know
 
tucky, 2004-05. 
006-07. 
nd p l & Materials 
ngine  Symposium (ERCGS), University of 
entu
2nd pl iences Division Poster Session,  
 
an, “Molecular 
opolymer Networks by 
and D ”, Macromolecules, 40(8), 2773-2781(2007) 
D.S. Kalika, “Effect of Copolymer 
sition  on Pure- and Mixed- Gas 
bility rials: Free Volume Interpretation”, 
). 
kkun in, R. D. Raharjo, B.D. Freeman, “Molecular 
 ethylene glycol) and Poly(propylene glycol) 
ate N 9 (2007). 
elaxation 
thalate)”, Polymer, 47(20), 7085-7094 
6  
 
                Date of birth:
           11th May, 1981     
 
 
Education: 
Bachelors in Chemical Engineering (May, 200
bai University InstitutMum e of Chemical Technology  
(formerl n as UDCT) 
University of Mumbai, India 
 
Honors: 
Kentucky Opportunity Fellowship, University of Ken
Commonwealth Research Award, University of Kentucky, 2
2 lace award, poster session, Eastern Regional Chemica
E ering Graduate Student Association
K cky, Lexington, 2006. 
ace award, Materials Engineering and Sc
AIChE Annual Meeting, San Francisco, 2006.  
 
Journal Publications: 
 
S. Kalakkunnath, D.S. Kalika, H. Lin, R. D. Raharjo, B.D. Freem
Dynamics of Poly(ethylene glycol) and Poly(propylene glycol) C
Broadb ielectric Spectroscopy
  
H. Lin, B.D. Freeman, S. Kalakkunnath, 
Compo ,Temperature and Carbon Dioxide Fugacity
Permea  in Poly(ethylene glycol)-based Mate
Journal of Membrane Science, 291, 131-139 (2007
 
S. Kala nath, D.S. Kalika, H. L
Relaxation in Cross-Linked Poly(
Diacryl etworks by Dielectric Spectroscopy”, Polymer, 48(2), 579-58
 
S. Kalakkunnath, D.S. Kalika, “Dynamic Mechanical and Dielectric R
Characteristics of Poly(trimethylene tereph
(200 ).
 
 270  
 Journal Publications (cont.) 
 
 
R.D. Raharjo, H. Lin, D.F. Sanders, B.D. Freeman, S. Kalakkunnath, D.S. Kalika, 
a on be l 
ate)”,
 
. kkunn coelastic Characteristics of 
rks with Varying Extents of 
s nking 44(15), 2058-2070 
 
 E. W an, S.J. Pas, A.J. Hill, S. Kalakkunnath 
. S. cs of Crosslinked 
hylene  (2006). 
l kun al Relaxation 
 Networks”, 
olecu
th, D.S. Kalika, “The Effect of Cross-
 
olecu
g and Rheology of 
e Pol lymer Science, 94(3), 1245-1252 
 
havarao K. S. M. S., “Membrane Distillation 
 and Membrane Clarified Sugarcane Juice”, 
l ation,
onference Proceedings: 
Mem ions", Proceedings 
ro3: és, Nancy, France, April 5-7, 
a reeman, and D.S. Kalika, "Relaxation Characteristics of 
 Diacrylates and Their Relation to Gas Transport 
s", P ical Society, Div. of Polymeric 
s: Scie
“Rel ti tween network structure and gas transport in poly(propylene glyco
diacryl  Journal of Membrane Science, 283, 253-265 (2006). 
S  Kala ath, D.S. Kalika, H. Lin, B.D. Freeman, “Vis
U.V. Polymerized Poly(ethylene glycol) Diacrylate Netwo
Cros li ”, Journal of Polymer Science Part B: Polymer Physics, 
(2006).
 
H. Lin, agner, J.S. Swinnea, B. D. Freem
and D Kalika, “Transport and Structural Characteristi
Poly(et  oxide)”,  Journal of Membrane Science, 276, 145-161
 
S. Ka ak nath, D.S. Kalika, H. Lin, B.D. Freeman, “Segment
Characteristics of Crosslinked Poly(ethylene oxide) Copolymer
Macrom les, 38(23), 9679-9687 (2005). 
 
H. Lin, B.D. Freeman, T. Kai, S. Kalakkunna
Linking on Gas Permeability in Cross-Linked Poly(ethylene glycol Diacrylate)”,
Macrom les, 38(20), 8381-8393 (2005). 
 
W.B. Lake, S. Kalakkunnath, D.S. Kalika, “Crystallization, Meltin
Reactiv yamide Blends”, Journal of Applied Po
(2004).
 
S. Nene, S. Kaur, Sumod K., B. Joshi, Rag
for the Concentration of Raw Cane-Sugar
Desa in  147, 157-160 (2002). 
 
 
C
 
H. Lin, V.A. Kusuma, B.D. Freeman, S.J. Pas, A.J. Hill, S. Kalakkunnath and D.S. 
Kalika, " branes for Hydrogen Purification in Fuel Cell Applicat
of Memp Intégration des Membranes dans les procéd
2006. 
 
S. Kalakkunn th, H. Lin, B.D. F
Crosslinked Poly(ethylene glycol)
Propertie roceedings of the American Chem
Material nce and Engineering, 93, 332 (2005). 
 
 
 271  
 Confere roceedince P ngs (cont.) 
, S. Kalakkunnath, and D.S. Kalika, "Novel 
 Removal from Mixtures with H2", Proceedings of the 
l Chemistry, 50(2), 617 (2005). 
tions
kunna tteucci, R.D. Raharjo, B.D. Freeman and D.S. 
"Structure, Dynamics and Gas Transport Characteristics of Rubbery Polymer 
eeting, San Francisco, 2006. 
D.S. Kalika, "Dynamics of poly(ethylene 
ties", AIChE Annual 
resent
S. Kalakkunnath, S.T. Matteucci, V. Kusuma, B.D. Freeman and D.S. Kalika,  
bery Membrane Networks", AIChE Annual 
S. Kalakkunnath, M. Borns, H. Lin, V. Kusuma, B.D. Freeman and D.S. Kalika, 
" c Rel bbery Polymer Networks and Their Relation 
t Trans mical and Materials Engineering Graduate 
Symposium, Lexington, 2006. 
 
S. kunn elting, and 
D  Rela al Meeting, 
C cin ti, 200
 
S kunn lika, "Dynamic 
R axa n C ks and 
Composites", AIChE Annual Meeting, Cincinnati, 2005. 
 
 
H. Lin, S. Matteucci, B.D. Freeman
Membrane Materials for CO2
American Chemical Society, Div. of Fue
 
 
Presenta : 
 
Oral Presentations 
 
S. Kalak th, M.K. Danquah, S.T. Ma
Kalika, 
Networks and Nanocomposites", AIChE Annual M
 
S. Kalakkunnath, H. Lin, B.D. Freeman, and 
glycol) Networks and Their Relation to Gas Transport Proper
Meeting, Cincinnati, 2005. 
 
Poster P ations 
 
"Segmental Relaxation Characteristics of Rub
Meeting, San Francisco, 2006. 
 
Dynami axation Characteristics of Ru
o Gas port", Eastern Regional Che
 Kalak ath, T.W. Humphries, and D.S. Kalika, "Crystallization, M
ynamic xation Characteristics of PTT and PTT Blends",  AIChE Annu
in na 5. 
. Kalak ath, H. Lin, S. Matteucci, B.D. Freeman, and D.S. Ka
el tio haracteristics of Crosslinked Poly(ethylene glycol) Networ
 272  
